Progress in corrosion science at atomic and nanometric scales by MAURICE, Vincent & Marcus, Philippe
HAL Id: hal-02354119
https://hal.archives-ouvertes.fr/hal-02354119
Submitted on 7 Nov 2019
HAL is a multi-disciplinary open access
archive for the deposit and dissemination of sci-
entific research documents, whether they are pub-
lished or not. The documents may come from
teaching and research institutions in France or
abroad, or from public or private research centers.
L’archive ouverte pluridisciplinaire HAL, est
destinée au dépôt et à la diffusion de documents
scientifiques de niveau recherche, publiés ou non,
émanant des établissements d’enseignement et de
recherche français ou étrangers, des laboratoires
publics ou privés.
Progress in corrosion science at atomic and nanometric
scales
Vincent Maurice, Philippe Marcus
To cite this version:
Vincent Maurice, Philippe Marcus. Progress in corrosion science at atomic and nanometric scales.
Progress in Materials Science, Elsevier, 2018, 95, pp.132-171. ￿10.1016/j.pmatsci.2018.03.001￿. ￿hal-
02354119￿
Invited manuscript for Progress in Materials Science, Elsevier 
Preprint accepted for publication 
DOI: 10.1016/j.pmatsci.2018.03.001 
 1 
Progress in Corrosion Science at Atomic and 
Nanometric Scales 
 
Vincent Maurice, Philippe Marcus 
 
PSL Research University, CNRS - Chimie ParisTech,  
Institut de Recherche de Chimie Paris / Physical Chemistry of 
Surfaces Group 
11 rue Pierre et Marie Curie, 75005 Paris, France 
 
 
Correspondence:  
V. Maurice 
E-mail: vincent.maurice@chimie-paristech.fr 
 
P. Marcus 
E-mail : philippe.marcus@chimie-paristech.fr 
 
  
 2 
 
TABLE OF CONTENTS 
ABSTRACT ................................................................................................................ 3 
KEYWORDS .............................................................................................................. 3 
NOMEMCLATURE ..................................................................................................... 4 
1. INTRODUCTION ................................................................................................. 5 
2. THE METAL-WATER INTERFACE STRUCTURE ............................................. 7 
2.1 Water structure and bonding at metal surfaces under UHV conditions ........................................... 7 
2.2 Bridging the “immersion gap” ............................................................................................................... 9 
2.3 Hydroxide adsorption-induced reconstruction ...................................................................................12 
3. ANODIC DISSOLUTION ....................................................................................15 
3.1 Dissolution of pure metals and adlayer effects ....................................................................................15 
3.2 Dissolution in the presence of 2D passive layers .................................................................................18 
3.3 Dealloying by selective dissolution........................................................................................................19 
4. PASSIVATION OF METALS AND ALLOYS .....................................................22 
4.1 Structure of oxide passive films on copper, nickel, iron and chromium ...........................................24 
4.2 Passive film structure on stainless steels ..............................................................................................28 
4.3 Nanostructure of passive films ..............................................................................................................29 
5. PASSIVITY BREAKDOWN AND INITIATION OF LOCALIZED CORROSION .32 
5.1 Dissolution of passive films ...................................................................................................................33 
5.2 Reactive Molecular Dynamics modeling ..............................................................................................35 
5.3 Grain boundary effects ..........................................................................................................................38 
5.4 Local electronic properties at passive film grain boundaries ............................................................41 
6. CORROSION INHIBITION .................................................................................44 
6.1 Atomistic DFT modeling of benzotriazole adsorption on copper ......................................................45 
6.2 UHV studies of benzotriazole adsorption on copper...........................................................................50 
6.3 Direct nanoscale in situ EC-STM observations ...................................................................................51 
7. CONCLUSION AND OUTLOOK ........................................................................54 
REFERENCES ..........................................................................................................59 
FIGURE CAPTIONS..................................................................................................76 
 
 
 3 
Abstract 
Contemporary aspects of corrosion science are reviewed to show how insightful a 
surface science approach is to understand the mechanisms of corrosion initiation at the atomic 
and nanometric scales. The review covers experimental approaches using advanced surface 
analytical techniques applied to single-crystal surfaces of metal and alloys exposed to 
corrosive aqueous environments in well-controlled conditions and analysed in situ under 
electrochemical control and/or ex situ by scanning tunnelling microscopy/spectroscopy, 
atomic force microscopy and x-ray diffraction. Complementary theoretical approaches based 
on atomistic modeling are also covered. The discussed aspects include the metal-water 
interfacial structure and the surface reconstruction induced by hydroxide adsorption and 
formation of 2D (hyd)oxide precursors, the structure alterations accompanying anodic 
dissolution processes of metals without or with 2D protective layers and selective dissolution 
(i.e. dealloying) of alloys, the atomic structure, orientation and surface hydroxylation of 
ultrathin passive films, the role of step edges at the exposed surface of oxide grains on the 
dissolution of passive films and the effect of grain boundaries in polycrystalline passive films 
acting as preferential sites of passivity breakdown, the differences in local electronic 
properties measured at passive films grain boundaries, and the structure of adlayers of organic 
inhibitor molecules.  
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Nomemclature 
AFM  atomic force microscopy 
AP-XPS ambient pressure x-ray photoelectron spectroscopy 
C-AFM conductive atomic force microscopy 
EC-STM electrochemical scanning tunneling microscopy 
EC-TS  electrochemical tunneling spectroscopy 
DFT  density functional theory 
fcc face centered cubic 
GIXD grazing incidence x-ray diffraction 
hcp hexagonal close packed 
IRAS infrared reflection absorption spectroscopy 
MD  molecular dynamics 
ML  monolayer 
OCP open circuit potential 
ReaxFF  reactive force-field 
SAM  self-assembled monolayer 
STM  scanning tunneling microscopy 
SDOS surface density of states 
STS scanning tunneling spectroscopy 
TS tunneling spectroscopy 
UHV ultra high vacuum 
UPS ultraviolet photoelectron spectroscopy 
XAS x-ray absorption spectroscopy 
XPS x-ray photoelectron spectroscopy 
It tunneling current 
U0 Nernst equilibrium potential 
UC critical potential 
US sample potential 
UT tip potential 
Vt tunneling voltage 
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1. Introduction 
The premature failure of solid metallic materials caused by corrosion is a major problem 
of our advanced society since it affects numerous technical fields where metal and alloy 
components are used for their structural or functional properties. Not only corrosion reduces 
the performance and durability of components or infrastructures with a very high economical 
cost, estimated to about 3% of the yearly gross domestic product [1], but it can compromise 
safety in fields such as aeronautics or nuclear electricity production. It can also jeopardize 
environment in e.g. oil and gas transport, and even health due to corrosion of metallic 
bioimplants in the human body.  
Corrosion is a degradation phenomenon of a metallic material resulting from the 
chemical or electrochemical interaction with its environment. It is ubiquitous because most 
metals (and thus alloys) are reactive in their functioning environments. Besides corrosion 
takes many forms since metals and alloys of various types are exposed to a large variety of 
aggressive environments. Despite this multiple character, our understanding of corrosion is 
well advanced, thanks to an ever growing number of studies performed to investigate 
corrosion phenomena and their propagation and to test and validate the various means to 
mitigate corrosion and to develop corrosion protection. This is attested by an ever growing 
publication record and by a growing attendance at the yearly international conferences on 
corrosion, that bring together scientists from the academic world and engineers from the 
industry. 
Corrosion and its mechanisms, methods and modelling have been the subject of recent 
books (see e.g. [2-4]). The present review focuses on knowledge advances made on corrosion 
mechanisms at the atomic or molecular scale or at a scale of a few nanometers (the nanoscale) 
in aqueous environments. Progress in corrosion science at these scales enables us to better 
understand the mechanisms of corrosion initiation. Corrosion initiation refers to the very early 
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stages triggering a corrosion process before its propagation. It takes place on complex 
metal(alloy)/environment interfaces. The surfaces can be metallic (i.e. in the active state), or 
oxidized with a covering ultrathin protecting oxide film (i.e. in the passive state), or even 
coated by a protective organic or inorganic film, and they are interacting with the corroding 
aggressive environment. Aggressive species causing corrosion and inhibiting molecules added 
to mitigate corrosion can be both present in the aqueous environment. Understanding the 
corrosion initiation phenomena at the atomic or nanometric scales requires a research effort 
that not only uses state-of-the-art analytical techniques providing relevant surface and 
interface information at these scales but also necessitates the design of model systems that are 
relevant for the complexity of the processes and interfaces at play. Such an approach has 
rarely been adopted in the corrosion community, however with breakthrough results when 
successful (see e.g. [5-7]). 
This review emphasizes recent progress made adopting a surface science approach of 
corrosion, combining experimental approaches using advanced surface analytical and 
electrochemical methods with theoretical approaches based on atomistic modeling. It 
discusses the link between atomic/nanometric scale mechanisms and the macroscopic 
corrosion manifestations. What happens when a metal surface is exposed to water, i.e. 
formation of the metal-water interface, is first discussed, before focusing on recent advances 
in the understanding of anodic dissolution processes (i.e. etching) of metals and selective 
dissolution (i.e. dealloying) of alloys. Next, we discuss how metals and alloys passivate, a 
central issue in corrosion science and engineering since the formation of ultra-thin surface 
oxide films is the best of all means for protection of metallic materials against corrosion, and 
a key for their use in our environment. The next section covers recent advances in the 
nanoscale understanding of how passivity breaks down and localized corrosion initiates, a 
major issue for pitting corrosion of passivable metallic materials. Finally, we discuss recent 
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advances in corrosion inhibition by adsorbed organic molecules, an area in which atomic 
scale progress has been recently achieved by quantum chemical calculations (DFT) 
supporting experimental studies. 
 
2. The metal-water interface structure 
Understanding the formation of the metal-water interface is relevant for many physical 
and chemical processes at interfaces, including corrosion in aqueous environments but also 
electrochemical and photochemical processes, surface reactions in heterogeneous catalysis, 
and environmental science. It has thus attracted a very large interest from the surface science 
community and many studies have investigated water adsorption, the structure formed at low 
temperature and upon dissociation and the simulation of the electrified metal-water interface, 
all studied with a large panel of experimental microscopic, vibrational, spectroscopic and 
diffraction surface science techniques, complemented with theoretical modelling mostly by 
DFT. Extensive overviews and shorter reviews have been regularly published on the subject 
[8-14]. Here we select some examples on aspects which are more relevant for corrosion 
science, including the adsorption of hydroxide ions which is the first step in the growth of 
anodic oxide in aqueous environment. 
 
2.1 Water structure and bonding at metal surfaces under UHV conditions 
Most studies of the adsorption of water on metal surfaces have been performed on 
single crystalline, well defined surfaces in UHV environment at low, cryogenic temperature. 
UHV is needed for precise control of the purity of the interface and it also facilitates the 
application of most of the surface science techniques employed. At low temperature surface 
mobility reduces and the interface “freezes”, easing structure characterization with or without 
water dissociation. Even for such model interfacial systems the picture is fairly complicated at 
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the atomic scale. This is because water adsorption, the formed structures and their stability are 
determined by a compromise between water-metal interactions and water-water hydrogen 
bonding. Experimental and modelling results have been comprehensively compared for small 
water aggregates formed at coverage in the sub-monolayer range, for monolayers and 
multilayers adsorbed on close-packed fcc surfaces, i.e. (111)-oriented surfaces of Pd, Pt, Au, 
Rh, Ag, Cu and Ni, on Ru(0001), and on some open fcc surfaces, i.e. (110)-oriented [11,13]. 
Description by a conventional ice `bilayer', where water only slightly distorts compared to the 
bulk ice structure, is no longer valid (Figure 1). Instead, significant distortions of the local 
arrangement of the H-bonds results from the optimization of the water-metal interaction in 
water monolayers. As a consequence, ice aggregates have their geometry and lateral size 
modified, monolayer structures are impacted and first water layer wetting and growth are 
altered in multilayers. A high sensitivity to the structure of the metal surface was also 
concluded. Details on the structure of clusters and monolayers of non-dissociated water 
molecules can be found in the cited reviews and references therein [11,13,14]. 
[INSERT Figure 1] 
Water dissociation and the formation of hydroxyls are important in corrosion since OH 
provides the oxygen reactant for anodic oxidation of the metal. The stabilization of water by 
co-adsorbed hydroxyls on several close packed faces under cryogenic UHV conditions has 
been reviewed [10,11,13,14]. On Pt(111) and Pd(111), there is formation of mixed OH/H2O 
hexagonal structures with both species lying flat and adsorbed atop the metal atoms via 
oxygen. H-bonding between co-adsorbed species results in so-called proton ordering. On 
Ni(111), hydroxyls do not appear to take part in the network of hydrogen bonds. On 
Ru(0001), more complicated structures are formed as depicted in Figure 2 [14,15]. After 
deposition at 145 K, narrow stripes composed of intact water molecules ordered in hexagons 
by H-bonding are formed. After prolonged time at 145 K, these water stripes transform into 
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mixed hexagonal rings of molecular water and hydroxyl species. The hydroxyl groups were 
found to be located primarily inside these linear structures. The driving force for the stripe 
formation has been attributed to the hydrogen liberated during the dissociation process, which 
prefers to adsorb on the Ru fcc sites located between the H2O-OH stripes and outside the 
hexagonal rings. Some H atoms can be trapped at the center of mixed water−hydroxyl 
hexagons (Figure 2b). At around 230 K, the partially dissociated structures desorb from the 
Ru(0001) surface.  
[INSERT Figure 2] 
Coadsorption with alkalis, O, and CO can modify the structure of the water-metal 
interface by site blocking and change binding and dissociation activation energies [9,10]. On 
Ru(0001), pre-adsorbed oxygen was found to increase the binding energy of water and 
promote its dissociation due to H-bonding between the co-adsorbed species [14,16,17]. Partial 
dissociation was found to require low oxygen coverage to occur and thus vacancies in the pre-
adsorbed oxygen layer. At higher oxygen coverages between 0.25 and 0.5 ML, dissociation 
becomes inhibited due to the lack of O vacancies and the intact water molecules are bound 
atop to Ru and hydrogen-bonded to two neighboring pre-adsorbed oxygen atoms. When all 
atop Ru sites are blocked, water adsorption shifts half of the oxygen atoms from hcp sites to 
fcc sites. A honeycomb structure with water molecules strongly bonded to the exposed Ru 
atoms is thus created. The reconstruction of the oxygen layer is energetically balanced by the 
favorable adsorption of water on the newly exposed Ru atoms. 
 
2.2 Bridging the “immersion gap” 
Understanding the details of the metal-water interface formed under UHV cryogenic 
conditions at the atomic or molecular scale is not enough to significantly describe 
electrochemical systems in liquid water at or near ambient temperature. Indeed, charge 
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transfer takes place between topmost metal atoms and water molecules at an electrode 
surface, which causes dissociation into cationic or anionic species depending on electrode 
potential and subsequent rearrangement of the inner and outer Helmhotz layers of the 
electrified interface. In turn, these rearrangements modify the potential drop at the interface. 
Two different approaches have been adopted to bridge this “immersion gap” between UHV-
built and in-liquid-water interfaces. One is to take advantage of the possibilities brought by 
the UHV environment to simulate and measure the role of polarized electric double layers as 
inferred from electrochemical studies, the other is to develop the application of in situ 
spectroscopic techniques to characterize at or near ambient conditions the metal-water 
interface. 
The UHV-electrochemical approach has been applied to study electric double layers 
effects on a metal substrate relevant for electrocatalytic application [10]. On Pt(111) single-
crystal surfaces, the potential dependence of water adsorption as H, H2O and H3O
+ and the 
replacement of H3O
+ by bisulfate anions (HSO4
-) at increasing potentials towards OCP were 
first characterized in situ in sulfuric acid solutions by IRAS. Then model electrode surfaces 
were reconstituted under UHV by adsorption of SO3 on pre-adsorbed H2O in order to 
reproduce the real electrode surfaces at various electrode potentials. Annealing-induced water 
desorption was then used to simulate the changes of the actual double layer structures. 
Combined LEED, TDS and IRAS analysis showed that the co-adsorbed layer forms a 
(3×7) ordered structure of bisulfate (HSO4-), as also found in situ in sulfate-containing 
electrolytes on closed-packed (111)-oriented Au [18-22], Pt [23], Rh [24], Ir [25], Pd [26], Cu 
[27] and Ru(0001) [28], with at least 2 water bonded molecules (H2O and H3O
+). Subsequent 
temperature increase/decrease reversibly converted the (3×7) structure in a (3×3) 
structure of neutral H2SO4 by desorption/re-adsorption of water. In addition IRAS revealed a 
reversible structural change of the first and second water layers with the water molecules 
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ordering. It was concluded that the orientations of the dipoles of the anionic ((OH-)n(H2O)n’) 
or cationic ((H3O
+)n(H2O)n’) water molecules at the inner and outer Helmholtz layers govern 
the potential drop near an electrode surface. For a Pt(111) electrode polarized at sufficiently 
negative potential in 0.5 M H2SO4, a well oriented high density (quasi close-packed) cationic 
water phase is predominantly formed. In contrast, for the same interface polarized at positive 
potential, the well oriented high density (quasi close-packed) water phase is anionic. 
The in situ spectroscopic approach for studying water adsorption at or near ambient 
conditions has paralleled the recent development of ambient pressure X-ray photoelectron 
spectroscopy (AP-XPS). The AP-XPS design includes differential pumping stages and 
electrostatic focusing which allows to overcome the limitations of traditional XPS to UHV 
because of the electrons short mean free path in gas phase. Combined with the use of intense 
synchrotron X-ray source, in situ XPS can be performed at pressures in the Torr range are 
possible and some applications have been reviewed [29,30]. Such measurements are limited 
to pressures inferior to the Torr range if a conventional X-ray source is used to limit the 
radiation-induced damage [31]. AP-XPS studies can be performed on electrochemical system 
components in situ in environmental conditions and on catalytic systems in operando 
conditions.  
[INSERT Figure 3] 
Concerning  metal-water interfaces relevant to corrosion science, we take the example 
of water adsorption on (110)- and (111)-oriented copper surfaces that highlights how water 
dissociation impacts wetting at water vapor pressures typical of environmental conditions 
[29,32]. Figure 3 shows the AP-XPS O 1s spectra recorded in situ during water adsorption at 
a 1 Torr pressure corresponding to 5% relative humidity at room temperature. On Cu(110), a 
mixed H2O:OH monolayer saturates the surface with O 1s components at about 532.5 and 531 
eV binding energies, respectively. In contrast the Cu(111) surface is adsorbate-free under 
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identical exposure conditions, which reveals the differences between two surfaces of different 
geometric and electronic structure in surface reactivity for water dissociation and in stability 
of the adsorbed H2O:OH surface complex. On Cu(111), pre-adsorbing atomic oxygen 
increases reactivity and results in a mixed H2O:OH layer with an hydroxyl coverage having 
twice the initial value of atomic oxygen. Thus the presence of pre-adsorbed oxygen is shown 
to tune the Cu(111) surface from intrinsically hydrophobic to hydrophilic by promoting water 
dissociation which allows reversing the surface wetting properties. 
 
2.3 Hydroxide adsorption-induced reconstruction 
For metal electrodes polarized anodically in aqueous solution, water dissociation 
produces hydroxide ions that can strongly interact with reactive metal atoms and not only 
structurally modify the metal-water interface but also initiate the growth of anodic oxide 
films. Studying these hydroxide-induced structural modifications on a model metal surface is 
thus highly relevant for understanding the early stages of interactions between metal and 
oxygen reactant in anodic oxidation and how the build-up of corrosion protection, i.e. passive, 
layers is initiated. We take here the example of a 2D (hydr)oxide adlayer grown on a single-
crystal copper surface in hydroxide-containing alkaline solution to illustrate this aspect.  
[INSERT Figure 4] 
On copper, hydroxide ions adsorb in the potential range preceding 3D anodic oxidation 
as characterized by in situ Raman spectroscopy [33,34], which induces surface reconstruction 
and formation of 2D adlayers as observed by EC-STM [35-38]. For Cu(111) in 0.1 M NaOH, 
this process is observed at -0.6 V/SHE before 3D growth of (111)-oriented Cu2O at US > –
0.2 V/SHE (Figure 4). Figure 4a shows typical voltammograms characterizing the anodic 
formation and electrochemical reduction of the 3D passive film on Cu(111) and the reversible 
adsorption/desorption of hydroxides (OH-) in the potential range preceding 3D oxidation 
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(inset). In Figure 4b, the EC-STM sequence recorded at -0.6 V/SHE shows the surface 
terraces (marked m.), initially bare and atomically smooth. Darker appearing 2D islands 
(marked ad.) progressively grow with time until coalescence to cover completely the terraces. 
The adsorbed layer growth is initiated preferentially at the step edges, showing that these pre-
existing defect sites react preferentially like for dissolution (see Section 3.1). At the end of the 
growth process, the step edges are displaced and monoatomic protruding adislands are 
formed, which results in both cases from the topmost Cu plane being reconstructed upon 
adsorption of the hydroxide anions. Cu atoms are ejected from the topmost plane by the 
reconstruction. They aggregate at step edges after diffusion on the surface which causes the 
step edges advance. When the 2D adlayer covers most of the surface in the final stages of the 
adsorption process, the mobility of the ejected Cu atoms is reduced on the OH-covered 
terraces which promotes their aggregation to form the observed adislands. Dissolution of the 
ejected Cu atoms in the electrolyte may also occur during this process. 
Figure 4c presents an image recorded in situ at atomic scale of the ordered and 
reconstructed adlayer and its model following a OHads/CuR/Cu(111) sequence from the 
topmost plane. The lattice is hexagonal and has a parameter of 0.6  0.02 nm with one 
minimum (assigned to OHads) and four maxima (assigned to CuR atoms of the reconstructed 
topmost metal plane) of intensity per unit cell. A period of ~0.3 nm is measured for the CuR 
sub-lattice, which exceeds the value (0.256 nm) for the Cu(111) plane in the bulk and 
confirms that the topmost Cu plane is reconstructed into a CuR plane of lower density. The 
intensity minima density gives a value of ~0.2 for the OHads coverage that matches the value 
of 0.19 given by voltammetry measurements of the electrochemical charge transfer (inset of 
Figure 4a). According to the STM data, the OHads groups sit in the three-fold hollow sites and 
form a (2×2) superstructure with respect to the reconstructed CuR plane. This topmost 
OHads/CuR structure reproduces that of the O and Cu sub-lattices in Cu2O oriented (111) and 
 14 
presented in Section 4.1). The (hydr)oxide adlayer thus formed at the surface can be viewed 
as a 2D building block for initiation of the 3D growth of the (111)-oriented Cu2O oxide at 
higher anodic potential.  
On silver, hydroxide adsorption-induced surface reconstruction also precedes the 
growth of 3D anodic oxides [39,40]. However, the potential (US > –0.1 V/SHE) required for 
surface reconstruction is more anodic than that (US > -0.45 V/SHE) required for adsorbing 
hydoxides ( 
ads
OH ) as inferred from cyclic voltammetry data [41-43] and verified in situ by 
Raman spectroscopy and ex situ by XPS [43-45]. EC-STM on Ag(111) in 0.1 M NaOH 
revealed no superstructure between -0.45 and -0.1 V/SHE [40] but streaked atomically 
smooth terraces instead. This was interpreted as due to 
ads
OH  species possibly incompletely 
discharged (0 <  < 1) and weakly bonded after adsorption and thus mobile on the surface. For 
-0.1 < US   0.3 V/SHE, the surface is partially reconstructed and the resulting adlayer 
consists of 2D ordered islands mimicking the Ag2O(111) building blocks and coexisting with 
areas where no reconstruction occurs with likely predominance of mobile 
ads
OH  species 
[40].  
On nickel, the hydroxides adsorb at potentials preceding the peak corresponding to 3D 
anodic oxidation [46-51] however without characteristic peaks in voltammetry data [48,51-
53]. EC-STM on Ni(111) in 0.1 M NaOH revealed surface local ordering prior to hydroxide 
adsorption-induced surface reconstruction forming a 2D passive layer at increasing anodic 
potential [54,55]. Local ordering was characterized by the islands having a (2×2) structure 
and limited in lateral extension, interpreted as mobile H2Oads and 

adsOH  (0 <  < 1) species 
locally stabilized by coadsorption [55]. Surface reconstruction was characterized by 2D 
nanocrystals (~2 nm lateral size) having a lattice of hexagonal symmetry and 0.310.01 nm 
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period and assigned to (0001)-oriented Ni(OH)2 possibly grown on (111)-oriented Ni in 
strained epitaxy [54]. 
 
3. Anodic dissolution 
Any metal in contact with an aqueous environment undergoes anodic oxidation at 
potential positive to the Nernst potential U0 of the   zeMeMe z  reaction. If the anodic 
oxides are thermodynamically unstable or dissolve fast, passive layers cannot form and metal 
dissolution can proceed with very high current densities. This typically occurs in strongly 
acidic solutions, but also in strongly alkaline electrolytes for metals that are amphoteric like 
aluminium. If the overpotential ( 0UUU S  ) is anodic and low, charge transfer controls 
the process with exponential variation of current versus potential. At more positive potentials, 
the process may become limited by mass transport as it gets more intense. The oxidized metal 
atoms dissolve in the environment where they re-combine with solvent molecules. Corrosion 
products may redeposit on the surface. In this section, we discuss progress made on the 
atomic and nanometer scale knowledge of anodic dissolution processes of metals and alloys at 
low anodic overpotentials (i.e. slow etching rate), including the effect of adsorbed halide 
species such as sulfur and chlorides, and of protecting 2D (hydr)oxide adlayers. For alloys, 
the initiation of dealloying by selective dissolution is also discussed. 
 
3.1 Dissolution of pure metals and adlayer effects 
Studies performed by EC-STM on copper surfaces in acidic solutions [56-64] are 
selected to illustrate this topic. At low pH (< 5), Cu(I) and Cu(II) oxides dissolve rapidly and 
cannot form a stable passive film. The copper surface is oxide-free at anodic overpotentials.  
[INSERT Figure 5] 
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Figure 5 depicts the evolution of atomically flat (001)-oriented single-crystal Cu 
surfaces dissolving in H2SO4 and HCl at moderate overpotentials [60]. A step flow 
mechanism of anodic dissolution is evidenced with step edges retracting. The pre-existing 
step edges are the reactive sites for preferential etching by kink removal as previously 
deduced and discussed from ex situ observations of iron dissolution [65]. These surface 
defects are caused by the residual misalignment of the crystallographic orientation with 
respect to the nominal orientation (here (001)) terminating the terraces. Their density, and 
thus the dissolution kinetics, markedly increases for surfaces increasingly disoriented from the 
crystallographic poles ((001), (110) and (111) for a cubic system). Step edges can also be 
viewed as models of emerging screw dislocations in terms of surface reactivity. The selective 
etching of step edge atoms is a consequence of their reduced coordination to nearest 
neighbors compared to terrace atoms. If anions do not form a strongly bonded adlayer, 
etching tends to stabilize step edges constituted of atoms having maximized coordination and 
thus aligned parallel to the substrate close-packed crystallographic directions. This 
stabilization process has been observed along atomically smooth <1-10> directions for fcc 
metals on e.g. Cu(001) [57] and Cu(111) [56], on Ag(111) [66] and on Ni(111) [67] and, 
accordingly, along <10-10> on hcp Co(0001) [68]. 
If anions form a strongly adsorbed layer, the etching anisotropy is strongly influenced 
(Figure 5). In sulfuric acid solution, the mobile adsorbed layer of sulfate formed on Cu(001) 
is disordered. As a result, the steps are etched isotropically in no preferential direction 
because of the disorder in the adlayer [59]. In contrast, in hydrochloric(bromic) acid solutions, 
a highly ordered c(2×2) layer of adsorbed chloride(bromide) is formed. This adsorption layer 
stabilizes <100>-oriented step edges, i.e. parallel to the adlayer superstructure close-packed 
directions [57-60,62]. 
[INSERT Figure 6] 
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In Figure 6a, the square adlattice corresponding to the c(2×2) structure of the adlayer of 
Cl on dissolving Cu(001) is shown at near atomic resolution. Dissolution is observed at the 
kinks present along the step edges oriented parallel to the [100] and [010] directions. The Cl 
adlayer primitive unit cells, containing one adsorbed Cl atom and two Cu atoms, are 
successively etched. At potentials below the onset of net dissolution, local removal and re-
deposition processes cause equilibrium fluctuations of these step edges [59,62], as observed in 
the image sequence presented in Figure 6a. At potentials of prevailing dissolution, removal 
dominates but with re-deposition still occuring. 
Figure 6a also reveals unexpected dissolution anisotropy of the step edges oriented 
along the symmetrical <100> directions with one orientation of the step edges dissolving 
more rapidly than the other [59,60,62,69]. The model shown in Figure 6b tentatively 
illustrates how this can be related to the c(2×2) superstructure that induces structural 
anisotropy of the step edges because of the varying coordination of the outmost Cu atom 
forming the dissolving kink to Cl atoms of the adlayer [62]. At the reactive and stable kink 
sites, the Cu atoms are coordinated to two and one adsorbed Cl atoms, respectively. At the 
reactive kink site along one of the symmetrical <100> directions, the CuCl2
- dissolving 
complex would thus already formed on the surface initiating preferential dissolution. Ordered 
c(2×2) adlayers have also been reported for Br on Cu [61], S on Ni [70], I on Ag [71] and Pd 
[69,72] with a similar anisotropic effect on the dissolution of the (001)-oriented metal.   
[INSERT Figure 7] 
A receding step flow mechanism of anodic dissolution also takes place in the presence 
of non-passivating 2-dimensional compound layers formed on the metal substrates as 
observed on Cu(111) and Cu(100) in iodide-containing sulfuric acid solution [63,73]. On both 
substrates, the 2D CuI film formation initiates via nucleation and growth of a Cu/I bilayer on 
top of the preadsorbed I template phase with a structure mimicking the building blocks of the 
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(111)-oriented bulk crystalline structure of CuI (zinc blende type). In advanced stages of 
formation, the copper terraces are directly transformed into the 2D CuI film at the reactive 
boundary between metallic copper and the growing 2D CuI film. The Cu atoms that do not 
integrate the CuI film dissolve. At surface saturation, 2D CuI film on top of the I adsorbed 
template does not passivate the substrate against oxidative dissolution (Figure 7) [73]. The 
dissolution reaction has been proposed to involve the concerted receding of four atomic layers 
and concomitant advance of three atomic layers as depicted on Figure 7: the CuI bilayer, the I 
adsorbed template and the sub-lying copper plane on T2’ receding terraces and the CuI 
bilayer and I adsorbed template on advancing T1’ terraces, respectively. Thus, dissolution still 
proceeds at defects sites such as step edges by a receding step flow mechanism in the 
presence of non-passivating 2D surface compounds, however with more atomic layers 
involved than in the presence of 2D adsorbed atomic layers. 
 
3.2 Dissolution in the presence of 2D passive layers 
As discussed in Section 2.3, the adsorption of hydroxide ions can reconstruct the metal-
water interface and induce the formation of 2D surface (hyd)oxide adlayers at potential 
negative to the 3D growth of anodic oxides. On Ag(111), this adlayer consists of 2D ordered 
islands mimicking the Ag2O(111) building blocks and coexisting with areas where no 
reconstruction takes place with likely predominance of 
ads
OH  adspecies. The EC-STM 
dissolution sequence shown in Figure 8 reveals how the heterogeneity of this 2D protective 
adlayer impacts the anodic dissolution process. It was acquired at a potential of 0.15 V/SHE, 
still below the potential required for 3D oxide growth (US ≥ 0.3 V/SHE) [40].  
[INSERT Figure 8] 
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Nucleation of 2D etch pits is observed on the terraces (Figure 8a), which was attributed 
to topmost metal atoms dissolving from the weakest (i.e. defective) sites of the Ag2O(111)-
like adlayer. No characterization of the local chemical nature of these sites was performed. 
Still it seems possible that the bonding of the topmost Ag atoms with their Ag nearest 
neighbors weakens upon formation of the reconstructed adlayer by sub-surface relocation of 
OH adsorbates, This could lead to the formation of [Ag(OH)2]
- complexes observed to 
dissolve for this system by XAS [74]. After initiation, 2D pit growth propagates at the newly 
created step edges that preferentially dissolve (Figure 8b,c,d), like at pre-existing step edges 
in the case of preferential active dissolution. Hence, this mechanism is also prevalent for 2D 
pit propagation on Ag(111) in the presence of the 2D Ag2O(111)-like adlayer. 
The structure of the surface oxide layer being poorly ordered, the step edges do not 
align along preferential crystallographic directions upon dissolution. This is consistent with 
non-ordered adlayers inducing step roughening as discussed in Section 3.1. The local 
resistance of the adlayer also governs the dissolution reaction and how it propagates 
irregularly in the topmost atomic layer of the terraces. As a result, dissolution channels 
isolating ordered fragments are formed in the topmost terraces with the ordered fragments 
resisting dissolution (Figure 8c,d). 3D grains assigned to the Ag(I) oxide nuclei and initially 
present at the surface also block the propagation of dissolution, which illustrates, at the 
nanoscale, the barrier property of anodic oxides grown at the surface against dissolution of the 
metal substrate. 
 
3.3 Dealloying by selective dissolution  
Dealloying is the process of selective removal by anodic dissolution of the reactive 
elements of an alloy, the non-reactive noble element(s) enriching the surface and eventually 
leading to “passivation” by an ultra-thin film of noble metal. This passive-like behavior may 
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break down at a critical potential Uc that can be markedly higher than the respective Nernst 
potential U0 of the reactive elements if the content of reactive elements in the alloy is high 
enough (above the so-called parting limit), as shown for Cu3Au in Figure 9a. The dissolution 
current is then massive and a surface film of nanoporous noble metal is formed. Dealloying is 
widely utilized for developing high surface area catalysts, sensors and electrodes for energy 
storage but it is a dangerous corrosion process for structure materials and components 
[5,7,75,76,77].  
[INSERT Figure 9] 
Recent significant progress on the understanding of the mechanisms of dealloying by 
selective dissolution has been made on the atomic and nanometric scales applying surface 
analytical methods, mostly STM or AFM performed in situ or ex situ, and GIXD experiments 
performed in situ with synchrotron light source [5,7,78-89]. Cu-Au alloys have been 
extensively studied as model systems because of the large difference of equilibrium potential 
(U0) of their two elements. Such model studies have not been reported for practical alloys 
such as stainless steel, aluminium, titanium or magnesium alloys. This is due to the difficulty 
to prepare and to maintain in situ an oxide-free, atomically flat and slowly dissolving active 
state.  
In acidic solutions, copper selectively dissolve from Cu-Au alloys and does not form 
any stable oxides which leads to surface enrichment in Au and to sequential build-up of a 
nanoporous gold layer at the so-called critical potential (Uc) for macroscopic dealloying,. At 
potentials slightly above the copper equilibrium potential, copper dissolution occurs both at 
the alloy substrate step edges and on terraces leading to clustering of vacancies in the first 
layer as observed by EC-STM on (111)-oriented Au3Cu [80] and Cu3Au [83] and on (001)-
oriented Au3Cu and Cu3Au [82]. This forms an interconnected network of one atom deep pits 
(i.e. 2D voids) with gold-rich islands in-between. The presence of chlorides was concluded to 
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enhance surface diffusion, coarsening pits and islands and leading to interconnected gold 
islands with an average height of 2 ML and dissolution channels. For (001)-oriented Cu3Au, a 
Moiré pattern was imaged by EC-STM [82], which is consistent with the formation of a gold-
rich surface layer of lattice parameter near that of pure gold passivating the Cu3Au substrate 
of parameter near that of pure copper.  
On (111)-oriented Cu3Au, in situ GIXD measurements brought more details on the 
interface atomic structure and build-up sequence of the nanoporous gold layer (Figure 9) 
[7,81,83]. At potentials slightly above the copper equilibrium potential, the surface was found 
covered by a gold-rich film reaching about 3 ML in thickness, which protects the alloy from 
further selective dissolution of Cu. The difference between the unit cells parameters of the 
gold-rich layers and the alloy substrate strains the freshly formed interface, leading to reverse 
fcc stacking (CBA instead of ABC) of the atomic planes in the ultra-thin gold-rich surface 
film. Upon further dealloying at intermediate higher overpotentials (at 0.45 V in Figure 9b), 
10 to 15 ML thick gold islands are formed with identical reverse stacking sequence. Slightly 
below the critical potential Uc measured by voltammetry (at 0.6 V in Figure 9a,b), the 
“passivating” gold barrier layer breaks down and nanoporosity consisting of ligaments of 
ABC-stacked nearly pure gold develops with increasing applied potential as a result of 
uniform further dealloying [7,83]. The change from CBA to ABC stacking at higher 
potentials was attributed to dominating surface diffusion and to increased interlayer exchange 
(observed at lower potentials by STM). Indeed the formation of a complete layer of stacking-
reversed CBA gold islands always precedes the emergence of the ABC gold structures. At 
higher potentials close to Uc, the transformation from initial CBA to ABC layers is fast. 
With addition of bromide or chloride in the solution, GIXD studies of (111)-oriented 
Cu3Au surfaces showed an unchanged build-up sequence with an initial ultra-thin CBA-
stacked gold-rich layer, followed by pure gold islands, and ending with ABC-stacked 
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nanoscale ligaments (nanoporosity), like in additive-free sulfuric acid solution [84,90]. The 
potential for the structural transitions was shifted cathodically compared to pure sulfuric acid 
solution which was proposed to result from enhanced surface diffusion with the additives 
present. In the presence of iodide, there is no passivation by a gold film and the formation of a 
nanoporous surface occurs at low potentials and relatively short times [84]. At lower 
overpotentials, AFM showed that copper dissolves uniformly resulting in gold island 
formation on the terraces as well as along the step edges, like in iodide-free sulfuric acid 
solution. However, at higher overpotentials, CuI precipitation influenced the surface 
morphology with interconnected larger islands covering the terraces. At higher dissolution 
rates above Uc, porous structures with bimodal length scales resulted from such precipitation 
of CuI layers. 
Self-assembled organic monolayers (SAMs) of thiol or selenol are often used for 
surface functionalization of materials. They can also form surface layers for effective 
inhibition of oxidation or corrosion (See Section 6.1). Cu–Au alloy surfaces dealloy 
differently in the presence of SAM overlayers [83,86-88]. Uniform dealloying at the critical 
potential (Uc) is overruled and becomes localized. At low potentials above the copper 
equilibrium potential, the main effect of the organic surface layer is to suppress surface 
diffusion and thus inhibit uniform dealloying corrosion. At higher potentials of passivity 
breakdown, dealloying proceeds in localized areas. With dealloying progress, surface cracks 
appear that initiate following local stress accumulation caused by volume shrinking of 
dealloyed nanoporous gold [91].   
 
4. Passivation of metals and alloys  
Passivity of metals and alloys is a central issue in corrosion science and engineering 
since the formation of ultra-thin surface oxide films is the best of all means for protection of 
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metallic materials against corrosion, and a key for their use in our environment. Passivity 
results from the growth of an oxide film on the surface of metal and alloy substrates. The 
oxide film is either thermodynamically stable, or it dissolves very slowly, so that it protects 
the metal against corrosion. The oxide passive films have a thickness most commonly limited 
to a few nanometers; they are hydroxylated and form a well adherent and effective barrier 
between corrosive environment and the substrate [92-98]. They are self-healing and may 
reform if they are locally removed. 
The application of surface analytical methods have been widely used to characterize the 
passivity of numerous metals and alloys [3,93-96,98]. However, it is the combination with a 
genuine surface science approach employing single-crystal substrate surfaces that has brought 
insight in the nanoscale morphology of passive oxide films and their atomic structure. Most 
passive films are crystalline as demonstrated with STM and AFM on pure metal substrates 
like Cu [35-38,99-101], Ni [54,55,67,102-108], Fe [109-114], Cr [115,116] and Co [68,117], 
and on alloy substrates like stainless steel [118,122,123,124,125] and nickel-based alloys 
[126]. This finding has been confirmed and complemented for Ni [107,127], Fe [128,129] and 
Co [130] by in situ GIXD experiments. At the nanometer scale, the microstructure is 
polycrystalline and textured with grain boundaries separating oxide grains adopting a 
preferential crystallographic orientation. The intergranular areas can be non-ordered, in 
particular under non stationary conditions during the growth process. They act as preferential 
sites for passivity breakdown and the initiation of localized corrosion (see Section 5) [131-
134]. In this section, the growth mechanisms of passive films, their atomic structure and their 
nanostructure are discussed using selected studies performed on single-crystal surfaces of 
copper, nickel, iron, chromium and stainless steel. 
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4.1 Structure of oxide passive films on copper, nickel, iron and chromium 
On copper, studies combining electrochemical characterization with surface analysis 
using X-Ray Photoelectron Spectroscopy (XPS) [135-138], ion scattering spectroscopy [135], 
photo-acoustic spectroscopy [139], in situ Raman [33,140,141] and infrared [142] 
spectroscopies have brought qualitative and quantitative insight on the composition of the 
oxide passive films. Hydroxide anions adsorption, inducing surface reconstruction as 
discussed in Section 2.3, precedes the 3D growth of oxide layers at higher potential. The 
overpotential ( 0UUU S  ), which is the driving force for anodic oxidation, not only 
influences the growth of passive films but also their crystallization and structure as illustrated 
in Figure 10 for (111)-oriented copper polarized in the Cu(I) oxidation range in alkaline 
solution [35,36,100].  
[INSERT Figure 10] 
If the overpotential for oxide growth is low (US = -0.25 V/SHE, Figure 10a), the metal 
substrate is partially covered by oxide islands that are one monolayer thick and poorly 
crystallized and that preferentially nucleate at step edges. The observed numerous islands 
result from a high density of nucleation sites for initiating the growth of the oxide [100]. 
Local areas of the ordered hydroxide adlayer described in Section 2 separate the oxide islands. 
If the oxidation overpotential is higher (US = -0.2 V/SHE, Figure 10b), the metal substrate 
gets fully covered by oxide films that are several monolayer thick and well crystallized. The 
charge transfer measured during subsequent cathodic reduction scans allow deducing the 
oxide layer equivalent thickness: ~0.5 and 7 ML (equivalent monolayers) for films grown at –
0.25 and –0.2 V/SHE, respectively. One equivalent monolayer corresponds to one stacking 
building block of the (111)-oriented cuprite structure (one O2--Cu+-O2- slab as shown in 
Figure 10c). The atomic lattice of the oxide layer has a hexagonal unit cell at the surface with 
a ~0.3 nm parameter (inset in Figure 10b), matching the Cu sub-lattice of Cu2O oriented along 
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(111). The epitaxy of fcc Cu2O on fcc Cu is defined by a parallel (or anti-parallel) 
relationship: Cu2O(111)[1 1 0]Cu(111)[1 1 0] or [ 1 10]. On (001)-oriented Cu [38], a few ML 
thick crystalized oxide film is also formed. The unit cell is square at the surface and also of 
~0.3 nm parameter, which matches the Cu-sub-lattice of Cu2O oriented along (001). The 
Cu2O(001) close-packed [1 1 0] direction is rotated by 45° with respect to the Cu(001) close-
packed direction: Cu2O(001)[1 1 0]||Cu(001)[100].  
The passive films consisting of Cu(I) oxide expose surfaces that are faceted by the 
presence of periodic step edges (Figure 10b), which is indicative of a few degree tilt between 
the orientations of the oxide and substrate lattices (Figure 10c). The large mismatch of 17% 
between the two lattices causes stress at the metal/oxide interface that is thought to be, at least 
in part, relaxed by the tilt. The chemical termination of the Cu2O oxide terraces is identical as 
indicated by the step height of 1 ML of cuprite measured at the surface of the oxide layers. 
The surface of the oxide layer forming the interface with the aqueous solution is most likely 
hydroxylated and it has been confirmed by DFT modelling that the Cu sub-lattice 
unreconstructed structure measured in situ by STM is stabilized by OH adsorption on the 
surface of the Cu2O(111) oxide lattice [143]. In the potential range of Cu(II) anodic oxidation, 
the passive film has a Cu(I)/Cu(II) duplex structure which is also crystalline. The lattice of 
Cu(II) outer layer corresponds to (001)-oriented CuO with surface hydroxylation stabilizing 
this otherwise polar orientation [101].  
On nickel, the passive film consists of Ni(II) (hydr)oxides with a bilayer structure. The 
inner layer consists of NiO terminated by a hydroxylated surface or covered by a 3D Ni(OH)2 
outer layer depending on pH. In acid solutions, the passive film has been reported to be 0.9 to 
1.2 nm thick [144-150], and to increase up to 2.5 nm with increasing potential in some studies 
[50,105,107]. In alkaline solution, the outer hydroxide layer is ~1.5 nm thick in the whole 
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Ni(II) passive range in contrast with the inner oxide layer that grows linearly from 0 up to 3 
nm thick with potential [50]. 
On nickel, the oxide passive film displays similar structural characteristics to that on 
copper as demonstrated using single-crystal substrates. The passive film surface also exhibits 
terraces separated by step edges typical of a faceted termination as observed on (111)-oriented 
nickel passivated in a pH~2.9 sulfuric acid solution (Figure 11a). Like on copper, the 
termination of the crystallized passive film by regular step edges is indicative of a slight 
epitaxial tilt between the barrier oxide layer formed by the NiO lattice and the substrate 
Ni(111) lattice. In this case, the lattice mismatch of 16% causes interfacial stress that the tilt 
would contribute to relax. In situ GIXD measurements have confirmed the (111) orientation 
of the NiO lattice and its tilt of about 3° with respect to the (111)-oriented Ni substrate [127].  
There is an anti-parallel epitaxy relationship between the fcc oxide and substrate lattices: 
NiO(111)[1 1 0]Ni(111)[ 1 10]. The atomic lattice of the terminating terraces has an hexagonal 
unit cell of 0.30.02 nm parameter matching (111)-oriented NiO [102,103,105,107]. 
[INSERT Figure 11] 
Having the NaCl structure, the surface of NiO is polar and thus unstable if (111)-
oriented and unreconstructed like in the bulk. This surface orientation of the passive film is 
however obtained. DFT modelling confirms that adsorption of a monolayer of hydroxyl 
groups stabilizes the surface [151,152]. Figure 11b presents the model for such a 
hydroxylated surface faceted by step edges. The oxide passive film has thus a growth 
direction governed by the minimization of both (i) the interface energy by a tilted epitaxy and 
(ii) the oxide surface energy by the hydroxyl/hydroxide group termination.  
On iron, STM [110] and AFM [111] have also evidenced the formation of crystalline 
passive films. In a weakly alkaline (pH 8.4) borate buffer electrolyte, Fe(II) and Fe(III) 
species constitute the film, the Fe(III) fraction increasing with potential [153]. With 
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increasing potential, the film grows up to ~2 nm thick [154]. In situ and ex situ GIXD studies 
showed epitaxial growth with (001)- and (111)-oriented fcc oxide on (001)- and (110)-
oriented bcc substrate, respectively, and the oxide [ 1 10] direction parallel to Fe[100] 
[128,129]. A complex atomic structure, the so-called LAMM phase, owes to the distribution 
of the cations assumed uniform in these studies. The structure has an O anion sub-lattice 
identical to that in the Fe3O4 and-Fe2O3 spinel structures however with cation sites that are 
differently occupied [Figure 12]. There are 32 anion sites and 24 cation sites (16 octahedral 
and 8 tetrahedral) in the unit cell. The LAMM phase of the passive film has Fe(III) and Fe(II) 
cations occupying 80±10% and 66±10% of the octahedral and tetrahedral sites, respectively. 
Cations also occupy 12±4% and 0% of the octahedral and tetrahedral interstitial sites, 
respectively. This is in contrast with Fe3O4 where the occupancy of the octahedral and 
tetrahedral is 100%, and with -Fe2O3 where 25% of the octahedral sites are occupied at 33% 
and where all tetrahedral sites as well as 75% of the octahedral sites are occupied at 100%. 
Besides these spinel structures of -Fe2O3 and Fe3O4 contain no interstitials. 
[INSERT Figure 12] 
DFT modelling has been applied to describe the atomic structure at the interface formed 
by the iron oxide film and metal substrate [155]. For simplicity, the LAMM phase was 
simulated in this study by the magnetite structure assuming a Fe[100](001)∥Fe3O4[110](001) 
epitaxial relationship. The results show that, among the interface geometries considered for 
modelling, only two (one with Fe termination the other with FeO2 termination of the (001)-
oriented magnetite) are stable and undergo substantial relaxation of the atomic structure after 
energy minimization. The work of separation of the interface was calculated as the minimum 
energy necessary for separating the two surfaces forming the interface and similar values (γ ≈ 
1.42 J/m2) were obtained for the two geometries. 
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On chromium, the development of an inner layer enriched in Cr(III) oxide species is 
promoted by the increase of both passivation potential and passivation time for passive films 
formed in acid solution (0.5 M H2SO4) [115]. At low potential, the highly hydrated passive 
film consists mainly of Cr(III) hydroxide with a poorly developed Cr(III) oxide inner layer. 
The structure is then mostly disordered and can be viewed as consisting of a disordered 
Cr(III) hydroxide matrix embedding small Cr(III) nanocrystals. At higher potential, the 
passive film is increasingly dehydrated and its inner part increasingly consists of Cr(III) 
oxide. The structure contains then larger crystals [115]. EC-STM has evidenced a crystalline 
structure extending over several tens of nanometers and with a faceted termination [116]. The 
lattice of the nanocrystals matches the sub-lattice of O in the (0001)-oriented corundum 
structure of chromium oxide-Cr2O3). The (0001) basal plane of the hcp O sub-lattice grows 
parallel to the (110)-oriented bcc Cr lattice.  
 
4.2 Passive film structure on stainless steels 
Stainless steels are highly important in technology and of widespread application. Their 
use benefits from the high resistance to corrosion provided by the formation Cr(III)-enriched 
oxide passive layers, as shown by XPS and other analytical studies performed on passivated 
ferritic Fe-Cr [93,120,156-169] and Fe-Cr-Mo [160,163,170-172] stainless steels as well as 
on austenitic Fe-Cr-Ni [122,173-178]  and Fe-Cr-Ni-Mo [125,173,174,176,179-191] 
counterparts. In acid aqueous environment, the dissolution rate of Cr(III) oxide is extremely 
small compared to that of Fe(II)/Fe(III) oxides causing the strong chromium enrichment in the 
passive range. In the transpassive range, chromium dissolves as Cr(VI) which decreases Cr 
enrichment. In alkaline solutions, Fe(II)/Fe(III) oxides are less soluble also decreasing the Cr 
enrichment in the passive film. For Ni-bearing stainless steels, passive films contains no or 
very little Ni(II) and there is Ni(0) enrichment in the metallic alloy region underneath the 
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oxide [122,125,173-178]. The passive film is 1 to 3 nm thick depending and passivation 
conditions [120,122,125,160,162,163,164,174,183,188]. Like for Cr metal, a major finding of 
atomic and nanometric scale studies performed on these alloys is that passivation potential 
and ageing time markedly impact the passive film crystallization as shown by STM [115,120-
122,124] and their dehydroxylation as observed by XPS [115,120,122].  
[INSERT Figure 13] 
Figure 13 illustrates the structure changes observed with increasing passivation time 
[120-122,124]. Fe-22Cr [120] and Fe-18Cr-13Ni alloys [122] passivated for up to 65 hours 
evidenced a crystallinity increase of the film and the development of coalesced Cr(III) oxide 
nanocrystals in the inner oxide. Like on chromium, the measured atomic lattice matches that 
of the O sub-lattice of the (0001)-oriented -Cr2O3 corundum structure. On the austenitic 
alloy, the crystallization rate is faster than on the ferritic one [192]. The regulation of the 
chromium supply on the alloy surface by nickel was proposed as explanation. Crystallization 
would be promoted by a lower rate of Cr enrichment, in accordance with the data obtained on 
FeCr alloys of increasing Cr content that showed that, for short passivation periods 
( 2 hours), the increasing Cr content of the alloy decreases crystallinity in the passive films 
[118,119]. 
 
4.3 Nanostructure of passive films 
Even when grown on single-crystal substrates, surface oxide films have a 
polycrystalline microstructure with grains of nanometric lateral dimensions. This is a result of 
a high density of sites for oxide nucleation in their initial stages of formation, as illustrated in 
Figure 10a for a copper surface polarized at low oversaturation and that already displays 
numerous oxide islands at the nanometer scale. On nickel, values of the grains dimensions 
have been obtained from STM, AFM and GIXD data. They range from ~2 nm for nucleating 
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passive films to 30 to 230 nm for stationary 3D passive films as determined from the 
topography observed by STM and AFM [54,55,103,105,107,131]. A ~8 nm average value 
was derived from GIXD measurements of the NiO single-crystal domain size on passivated 
Ni [107,127]. Such a difference can be expected since multiple sub-grain boundaries or twins 
existing in the passive film but not markedly emerging at its topmost surface may not be 
resolved by STM and AFM topographic measurements. 
On iron, the average lateral dimension of the grains was 5 nm and 6-8 nm as measured 
in situ by GIXD on passivated (110)- and (100)-oriented surfaces, respectively [128,129]. The 
value obtained ex situ by STM on sputter deposited pure iron films after passivation was 5 nm 
[113]. Passivation time would not promote crystallization or grain coarsening according to 
these studies. However, coarsening of the crystalline terraces to values larger than 6 nm with 
increasing polarization potential was revealed by ex situ STM for short (t = 15 min) 
passivation time, suggesting that crystallization of the passive film after short polarization 
periods is promoted at increasing passivation potential [114]. The ordered oxide terraces have 
a lattice parameter of 0.32±0.02 nm as measured by STM, which agrees with the O sub-lattice 
parameter (0.297±0.001 nm parallel to the substrate surface) of the LAMM phase measured 
by GIXD. 
On alloys such as stainless steels, the film also consists of grains separated by 
intergranular boundaries, but with crystallinity depending on formation conditions as 
discussed in Section 4.2. However, not only the structure exhibits nanoscale defects such as 
intergranular sites but the most recent studies suggest that the Cr enrichment, which is a key 
parameter for the corrosion resistance, is not uniform at the nanoscale, and varies between the 
nanograins themselves [193] and also depends on the coordination sites (steps vs. terraces) of 
the substrate because of the growth mechanism of the oxide film [124,125]. This is illustrated 
by Figure 14 for a FeCrNiMo(100) single-crystal alloy surface [125].  
 31 
[INSERT Figure 14] 
The presented STM image (Figure 14), obtained after passivation in sulfuric acid 
solution, displays the topography of the alloy surface with terraces and steps covered by the 
oxide film having a granular nanoscale morphology. The increase of the lateral grain 
dimension, 11.5 ± 2.6 nm for the passive film versus 5.3 ± 0.9 nm for the native air-formed 
oxide film, evidences a coalescence phenomenon of the oxide grains induced by 
electrochemical passivation. Noteworthy is the presence of depressions. Their penetration 
depth (2.27 ± 0.25 nm) is not only larger than before passivation (1.02 ± 0.20 nm) but exceeds 
the thickness of 1.9 nm measured for this passive oxide film [125]. These depressions result 
from transient dissolution that compete with the transformation of the oxide film induced by 
passivation. Hence nanoscale roughening occurs due to local competition between dissolution 
and oxide transformation during passivation. The oxide becomes further enriched in 
chromium after passivation: the Cr(III) cation fraction increases from 57 to 67% and the 
Fe(II)-Fe(III) cation fraction decreases from 41 to 29% as measured by XPS analysis [125]. It 
can be concluded that dissolution is a marker for the least Cr-enriched areas of the passivated 
surface. Further examining the surface also reveals that dissolution is not preferentially 
located at the step edges of the substrate but on the terraces. This may appear counter intuitive 
from a surface science perspective and also based on the mechanism of active dissolution of 
pure metals showing preferential reactivity at step edges (Section 3.1). This difference arises 
from the competing passivation by Cr enrichment of the oxide film, favored at step edges and 
thus promoting the protection of these substrate sites. As a result, dissolution is re-located on 
the substrate sites where the protection provided by the oxide film is less effective because of 
a lower local Cr-enrichment on the oxide film. Preferential passivation at step edges and 
roughening of substrate terraces were also observed for FeCrNi(100) passivated in similar 
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conditions [124]. These data suggest that the homogeneity of the Cr enrichment in the passive 
film is a key issue for the local corrosion resistance. 
[INSERT Figure 15] 
Nanoscale inhomogeneity of the passive film on stainless steel is confirmed by AFM 
data obtained on 316L stainless steel passivated in simulated PWR (pressurized water reactor) 
environment (water at 325°C) [193]. Owing to growth at higher temperature at near neutral 
pH, the passive film is thicker (~5 nm after a 2 min exposure) in these conditions of formation 
and consists of a Cr(III)-rich inner barrier layer mixed with Fe(II,III) species and a mostly 
Fe(II,III)-rich outer layer. The nanograins are larger (29.1 ± 2.4 nm) than those formed at 
room temperature. Investigation of the barrier properties of the film by mapping the electrical 
resistance by conductive AFM shows the oxide film has local electrical resistance variations 
spread over ~1 order of magnitude with larger variations, reaching 2–3 orders of magnitude, 
observed locally (Figure 15). These variations were assigned to the composition and related 
resistivity of the Cr(III)-rich inner layer of the oxide film varying from Cr(III) (Cr2O3) in the 
zones of highest resistance (resistivity) to Cr(III) mixed with Fe(II) (FeCr2O4) in the zones of 
lower resistance (resistivity). The grains of lowest resistivity suggest large variations of the Cr 
enrichment between the nanograins themselves, and thus non-uniform resistance to passivity 
breakdown at the nanometer scale. 
 
5. Passivity breakdown and initiation of localized corrosion  
Understanding passivity breakdown and initiation of localized corrosion is a key for 
improving the durability of the self-protection provided to metallic materials by oxide passive 
films. Indeed, passive films may locally break down which eventually leads, if aggressive 
species such as chloride ions are present in the environment, to pitting with the metal locally 
dissolving fast whereas the rest of the surface remains well protected [194-203]. 
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The failure of the passive film and its breakdown initiates the process that leads to 
localized corrosion.  Three main mechanisms have been proposed and are still discussed: (i) 
the mechanism of film thinning induced by aggressive ions that competitively adsorb with 
hydroxyls at the surface of the passive film [195,197,201-210], (ii) the mechanism of 
penetration of the aggressive species in the oxide lattice, integrated in the Point Defect Model 
[211], and that proceeds by insertion under the oxide surface followed by transport to the 
interface with the metal [196,197,201-203] and the development of voiding [212,213], and 
(iii) the mechanism of inhibited healing of the passive film that considers continuous 
breakdown/repair events and poisoning of the repair stage in the presence of the aggressive 
species [201,202,203,214-217]. A uniform passive film homogeneously blocking ion 
migration through the (hydro)oxide lattice is hypothesized in the three models. 
In this section, we discuss recent progresses made at the nanoscale on the understanding 
of the breakdown of passive films and localized corrosion initiation. They are based on local 
measurements performed in situ with STM or ex situ with AFM on model passivated surfaces, 
and complemented by DFT and MD simulation and modelling. Scanning tunneling 
spectroscopy data are also discussed in order to better understand the role played by grain 
boundaries in polycrystalline oxide passive films. 
 
5.1 Dissolution of passive films 
Passive films exhibit step edges at their surface that are important for dissolution in the 
passive state. This is highly relevant for passivity breakdown since dissolution of the oxide 
passive film, catalyzed by complexation of adsorbed chlorides with metal cations at the 
topmost surface and reducing the passive layer thickness until eventually reaching the 
substrate surface thus triggering intense localized dissolution, is a key aspect of the adsorption 
mechanism of passivity breakdown. The EC-STM imaging sequence in Figure 16 illustrates 
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the dissolution process on passivated Ni(111) recorded in situ independently of the absence or 
presence of chlorides in the electrolyte [132,133,218]. The step edges resulting from the tilted 
epitaxial growth of (111)-oriented NiO on (111)-oriented Ni (Section 4.1) are the sites where 
the oxide dissolves, like in the case discussed in Section 3.1 of oxide-free metal surfaces 
slowly dissolving at moderate overpotential. The generated 2D step flow is receding and 
depends on the orientation of the step edges with the oxide lattice terminated by step edges 
aligned in the closed-packed directions being less reactive and dissolving much less rapidly, 
because of the higher coordination of the atoms forming these step edges. This structure-
dependent dissolution mechanism stabilizes facets terminated along the <1-10> directions, 
and produces 100-oriented steps adopting the NiO structure most stable orientation. Figure 
16b presents a model for such a surface. 
[INSERT Figure 16] 
DFT modeling has been applied to hydroxylated NiO(111) surfaces in order to study the 
interaction with Cl- and its effect on the dissolution of the oxide [151,152,219]. Based on 
experimental results, a periodic NiO model (Figure 17) simulating a passive film faceted by 
step edges was constructed (Figure 11) [152]. It is (533)-oriented and includes (111)-oriented 
terraces separated by (010)-oriented monoatomic step edges. Cl atoms were substituted to 
surface OH groups to model adsorption at coverages from 25 to 100% and for each coverage 
one Cl in the resulting topmost OH:Cl mixed layer was exchanged with one atom of the first 
sub-surface O layer to model Cl insertion in the oxide. After DFT optimization of the 
adsorbed structures, the surface was characterized by the formation of Ni(OH)2, Ni(OH)Cl or 
Ni(Cl)2 complexes detaching from the step edges, as shown in Figure 17, confirming that step 
edges act predominantly to dissolve the oxide. Calculations of the detachment energies of the 
of Ni(OH)2, Ni(OH)Cl or Ni(Cl)2 complexes showed that those including Cl atoms detach 
more easily from the step edges and thus that Cl adsorption at the step edges can promote the 
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oxide dissolution, which confirms Cl adsorption-induced thinning as a possible mechanism 
leading to breakdown of the oxide passive film.  
[INSERT Figure 17] 
In contrast, the model structures with Cl inserted in the sub-surface oxide lattice did not 
reveal a detachment of Ni(OH)Cl or Ni(OH)2 complexes after DFT optimization. Thus 
dissolution of the oxide film would not be promoted once Cl atoms are inserted in the sub-
surface lattice, unlike with adsorbed structures. At 100% Cl surface coverage, the structures 
with inserted Cl atoms were found to be energetically favored compared to the structure with 
adsorbed Cl atoms, indicating their higher stability and that the passivity breakdown 
mechanism may switch from oxide thinning-driven to a penetration-driven if Cl enters the 
oxide lattice. Noteworthy, Cl entry does not require that adsorbed Cl saturates the terraces of 
the defect-free oxide surface but only the step edges and their immediate vicinity, pointing to 
a nanoscale local effect of step edges that would promote the sub-surface insertion (i.e. 
penetration) of chlorides in the passive film and a possible switch in Cl-induced breakdown 
mechanism. 
 
5.2 Reactive Molecular Dynamics modeling 
In reactive MD atomic scale simulations, reactive methods are implemented with 
variations of charge or charge transfer and conventional molecular dynamics is combined 
with charge states that evolve with time [220-222]. These methods can treat particles numbers 
larger than 1 × 105. In the very few studies addressing passive film breakdown so far 
[223,224], reactive force-field (ReaxFF) [225] was used. This polarizable charge calculation 
method is geometry-dependent and based on a bond order/bond distance concept [226]. 
ReaxFF treats metal chlorides and oxides compounds [227,228].  
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Figure 18 shows a system built for simulation of passivated copper [223]. It consists of 
a (111)-oriented Cu slab covered by two Cu2O films of 0.6-0.7 nm thickness, one exposing a 
O-enriched (bottom) the other a O-deficient (top) termination. The system is periodically 
repeated along the x, y, z axes. Neither the actual and somehow larger (up to 1.2 nm) 
thickness nor the actual (111) orientation experimentally observed for the passive film grown 
in the Cu(I) oxidation range on Cu(111) is taken into account [135,36-37,38]. The system was 
initially relaxed at 300 K for 10 ps (Figure 18, left) before adding a 10 or 20 M [Cl] aqueous 
solution in the space gap (Figure 18, middle). These Cl concentrations are unrealistic high, 
even for pits in the propagation stage, but were used in order to reach passivity breakdown by 
accelerated kinetics within the limited time scales (300 ps) of the MD simulations. Figure 18 
(right) shows the system after 250 ps relaxation. 
[INSERT Figure 18] 
It is shown that terminating the oxide film by O-deficient layer promotes the adsorption 
of Cl. This was confirmed more recently with data focusing on the effect of the deviation 
from the Cu2O stoichiometry [224]. Examination of the Cu density distribution along the 
surface normal (z direction) shows that Cu atoms are preferentially removed from the O-
deficient termination of the oxide in the presence of adsorbed Cl [223,224]. The effect 
proceeds by formation of non-uniform Cu-Cl complexes that subsequently dissolve as CuCl, 
CuCl2 or CuCl3 especially at O-deficient surfaces thus leading to oxide thinning. The role 
played by the dynamics of solvation at the interface on dissolving Cu has been explored 
[224]. Well-ordered quasi-2D layers of adsorbed water molecules were found to form in the 
vicinity of oxide films over-stoichiometric in O, as indicated by hydrogen bond lifetimes and 
high residence probabilities. For films of near Cu2O stoichiometry, the chloride ions were 
found to be repelled by the 2D ordered layers of adsorbed water away from the oxide surface 
into the aqueous medium disordered regions. For films sub-stoichiometric in O, it was found 
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that Cl adsorption disrupts the ordered adsorbed water layers and promotes Cu removal and 
thereby thinning of the passive oxide film.  
[INSERT Figure 19] 
The passive films were not perforated by Cl in these conditions of simulation, but 
perforation was observed at 373K after 300 ps where a defect site has been initially 
implemented in the form of a 1 ML-thick circular island of O vacancies of 0.8 nm radius in 
the topmost plane of the O-enriched passive film [223]. Figure 19 shows the Cu and Cl 
density distributions and the Cl average charge distribution along the z direction of the system 
after 1 and 300 ps optimization. The passivated slab has its Cu density spread out at the 
top/bottom sides and Cl atoms infiltrating its bulk as well as the topmost planes of the 
substrate, which confirms the passive film perforation. The distribution of charge on the Cl 
atoms supports the formation of copper chloride. The time evolution of the distribution of Cu-
Cl pairs (not shown) indicates a steady increase of formation of copper chloride clusters. 
Examination of the right-hand and left-hand Cu2O films of the cross-sections in Figure 19 
further shows that Cl penetrates the passive films independently of the presence at the surface 
of O vacancies island, only the penetration intensity is impacted and increases if the presence 
of a defect island of O vacancies.  Locally depleted regions are evidenced in the aqueous 
solutions on both sides of the slab by the Cl density distribution as a result of Cl consumption 
by the corrosion reaction. This suggests that sustained corrosion in the locally depleted sites 
requires far-field Cl diffusion. 
The three main mechanisms of passivity breakdown that are still discussed in the 
literature were not specifically addressed by these ReaxFF MD simulations. However, the 
results simulating the displacement of Cu atoms from passive film into aqueous medium and 
the formation of clusters of copper chloride are in support of the mechanism of film thinning 
induced by the adsorption of aggressive ions, like observed by DFT modelling after chloride 
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adsorption on passivated nickel (see Section 5.1). The ReaxFF MD simulations also suggest 
Cl atoms penetration into oxide passive films. However, testing the breakdown mechanism of 
penetration of the aggressive species in the oxide lattice with induced-voiding requires more 
detailed and relevant studies. O vacancies should be implemented as point defects in the bulk 
of the oxide passive films and not only at the surface as done so far. Also the oxide films 
should be constructed with appropriate crystalline lattice and epitaxy when known. In the 
future, the passivated surfaces should be simulated more realistically with atomic structure, 
defects and nanostructural features modelling the experimental knowledge when available. 
Implementation of pH effects and potential-driven atomic transport is also a future challenge 
for simulating passivity and its breakdown. 
 
5.3 Grain boundary effects 
STM and AFM studies performed on well-defined substrate surfaces have also revealed 
the major role played by intergranular boundaries in passivity breakdown [131-133,229]. 
These nanostructure defects act as preferential sites for passivity breakdown and pit initiation 
independently of the presence of chlorides in the corrosive solution. This is shown by AFM in 
Figure 20 for (111)-oriented nickel surfaces passivated in sulfuric acid solution (pH 2.9) 
[131,133]. Polarization in the lower part of the passive domain (0.55 V/SHE) in the chloride-
free electrolyte produces a surface fully covered by the afore-discussed polycrystalline 
passive film (Figure 20a). The grains exhibit the typically faceted surface resolved by STM 
and presented above (see e.g. Figure 16).  
[INSERT Figure 20] 
Without or with chloride ions in the solution, the pre-passivated surface corrodes locally 
with formation of nanopits at the boundaries between grains when the surface is increasingly 
polarized (up to 1.05 V/SHE) in the passive range (Figure 20b and c). Without chloride ions 
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in the solution, the nanopits dimensions are 20-30 nm at the opening and 2.2-3.8 nm in depth 
(some are circled in Figure 20b). The measured depth provides evidence for the local 
enhancement of the substrate corrosion since it is larger than the variation of the surface level 
at grain boundaries after pre-passivation (0.4-1.4 nm), and also exceeds the thickness (< 2 
nm) of the grown oxide layer [105,107,148]. This local removal of the substrate material 
implies that, even in the absence of chlorides, transient depassivation followed by 
repassivation of the pre-passivated surface occurred leading to the formation of (metastable) 
nanopits at the less resistive sites that are the grain boundaries of the passive film.  
With chloride ions in the solution, the nanopits growth is promoted (Figure 20c). Most 
of the nanopits have dimensions similar to those formed in chloride-free solution and 
described above. However, markedly larger ones (some are marked) are also formed at the 
grain boundaries of the passive film with dimensions of 40-50 nm at the opening and 5-6 nm 
in depth. Their density (~2x10
9
 cm
-2
) is a factor of 1/10 lower compared to the smaller 
nanopits, showing that only a fraction of the less resistive sites of the pre-passivated surface is 
impacted by the effect of chlorides during the depassivation/repassivation process. Figure 20d 
shows nanoscale localized corrosion initiated at what was possibly a multiple point of 
intersecting intergranular boundaries of the passive film before local breakdown and nanopit 
formation. 
The higher susceptibility to passivity breakdown of the oxide films grain boundaries has 
been rationalized using a model that postulates that the potential drop is locally redistributed 
at the electrolyte/oxide/metal interface [133,134]. The defect sites (i.e. oxide grain 
boundaries) take over less potential drop because they are less resistive to ion migration. 
Thus, for an electrolyte/oxide/metal interface with a given total potential difference from 
electrolyte to metal, the electrolyte/oxide and/or the oxide/metal interfaces at grain boundaries 
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will take over a larger drop with consequent acceleration of the electrochemical reactions at 
the interfacial boundary sites (Figure 21).  
[INSERT Figure 21] 
If the electrolyte/oxide interfacial potential drop is predominant, the passive film can 
breakdown via faster local thinning due to more intense dissolution at the defective grain 
boundary sites (Figure 21a). If in contrast the oxide/metal interfacial potential drop is 
predominant, the passive film can breakdown via two different mechanisms, depending on the 
predominant species, cations or anions, diffusing through the oxide. For predominant cationic 
transport (Figure 21b), the increase of the oxide/metal interfacial potential drop accelerates 
the cation transfer and thus accelerates the formation of metallic vacancies in the metal 
surface at the interface with the defective sites of the oxide. If diffusion toward the metallic 
bulk does not compensate the injection of vacancies, their condensation leads to voiding at the 
interface. Continuously growing metal voids will develop stress in the no more-supported 
oxide layer leading to local depassivation (local breakdown) by collapse of the oxide film. For 
predominant anionic transport (Figure 21c), anions (O2- or Cl-) penetrate the oxide 
preferentially at the defective grain boundary sites and diffuse locally faster to the interface. 
The increase of the oxide/metal interfacial potential drop promotes the local growth of metal 
compound particles (MeOxCly), which generates stress. Continuous growth of these particles 
causes local disbonding of the interface, eventually leading to passive film breakdown. The 
possibility of an increase in the potential drop at both interfaces cannot be discarded and 
certainly leads to an intermediate situation where breakdown develops according to a 
combination of the mechanisms discussed above. Also, depending on the structure of the 
oxide grain boundary, one of these mechanism may prevail locally, implying that the 
breakdown mechanism may differ locally if the passive film presents grain boundaries of 
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varying structure. The presence of aggressive species (e.g. chlorides) is not required for these 
breakdown mechanisms to occur. The processes can be catalyzed in the presence of chlorides. 
 
5.4 Local electronic properties at passive film grain boundaries 
As discussed above, passive films of nanometer thickness contain grain boundaries that 
are defective sites for the barrier properties and are prone to preferentially react and 
breakdown. Investigating the local electronic properties at such defects in passive films 
appears then highly relevant in order to bring insight on how passivity breaks down and pits 
initiate. This can be done using scanning tunneling spectroscopy (STS), first developed for 
application in ultra-high vacuum environmental conditions [230,231].  
In STS, tunneling current It is recorded versus surface-to-tip bias voltage Vt. The 
spectroscopic recording is combined with STM imaging with the It-Vt curves recorded at pre-
selected locations on the imaged surface. Post-treatment yields the surface density of 
electronic states (SDOS) by extraction of the normalized differential conductance 
(dIt/dVt)/(It/Vt). Geometric and electronic surface structures are thus probed simultaneously at 
the same resolution. When first applied in situ in an electrochemical cell, the tunneling 
spectroscopic It-Vt measurements (TS) were limited to a range of a few hundred mV for Vt 
[232,233] owing mostly to tip limitations. Besides they were not combined with imaging, thus 
not allowing one to correlate the local spectroscopic information to the nanostructural 
features. Later developments enlarged the Vt range of in situ spectroscopic measurements to 
nearly 3 V (EC-TS) and were applied to study anodic oxides grown on iron [234-237] and 
copper [238]. 
In EC-TS, one records It-Vt curves at varying polarization potential which allows to 
extract the potential dependence of the conductance at the electrode surface. Variations 
induced by the environmental conditions (e.g electrolyte pH or Cl concentration) can be 
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studied. To date, EC-TS data have only been acquired at random points on the surface, i.e. in 
the absence of combined STM imaging that allows pre-selecting the recording points. The 
results discussed below were obtained with STS, i.e. by combining TS spectroscopic 
recording and STM imaging, in ex situ conditions, i.e. on surfaces pre-passivated and not 
electrochemically polarized [97,239,240]. Until now, only STS has been applied to study how 
electronic properties are impacted by the presence of grain boundaries in passive films. Its 
application is illustrated below for the passive film formed in sulfuric acid (pH 2.3) solution 
on (111)-oriented single-crystalline nickel surfaces (Figure 22) [97,239]. 
[INSERT Figure 22] 
The normalized differential conductance curves are plotted versus surface-to-tip bias 
(Vt = US – UT). They were averaged from 55 and 251 It-Vt curves measured on grain 
boundaries and grains, respectively. These curves highlight the effect of the presence of grain 
boundaries in the passive film on the local density of states of the surface. The energy band 
model schematically illustrates the effect. 
At negative bias, one probes the occupied electronic states. On the grains, the SDOS 
increases for Vt ≤ -0.54 ± 0.03 V, which allows us positioning the valence band top edge 
about 0.5 V below the Fermi level (at Vt = 0 V), as also measured by UPS for NiO [241]. 
Below this EV position, the grains of the passive film are sites where the occupied states 
donate electrons, as sketched in the energy band model by arrows pointing from the surface. 
The passive film electronic gap having a width of about 3.5 V [242,243], the EV position 
implies a p-type character of the passivated surface which relates to metallic vacancies as 
dominant point defect of the passive film structure (Ni(1-)O) [244,245]. At the grain 
boundaries, the SDOS increase is slightly shifted to Vt ≤ -0.66 ± 0.03 V suggesting a slight 
attenuation of the p character on these sites of the passive film either due to a decrease 
concentration of metallic vacancies or to the presence of oxygen vacancies. 
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For -0.54  ± 0.03 < Vt < 0.20 ± 0.03 V and -0.64 ± 0.03 < Vt < 0.51 ± 0.03 V on grains 
and at grain boundaries, respectively, the SDOS is minimum, as expected from the electronic 
gap of the semi-conductive passivated surface. Still, direct tunneling from/to the 
occupied/empty substrate electronic states cannot be excluded at negative/positive bias, as 
sketched in the model by arrows pointing from/to the passivated surface. The ultra-thin 
(<2 nm) passive film grown in the selected passivation conditions renders this direct 
mechanism possible [105,107,148].  
At positive bias, the unoccupied states are probed. On the grains, SDOS peaks are 
observed for 0.5 < Vt < 1.5 V. Since the passive film gap is about 3.5 V wide and thus extends 
up to Vt ~3 V, these SDOS peaks suggest that surface states are present as sketched by ovals 
in the model. Indirect electronic transfer to the substrate empty states can be promoted by 
these surface states as sketched by the arrows in the model. At the grain boundaries, one 
notices a marked decrease of the normalized differential conductance for 0.5 < Vt < 1.2 V, 
indicating that the density of the passive film surface states is markedly reduced in this range 
whereas it is similar to that on the grains above 1.2 V. The proposed explanation for this 
marked decrease is that the NiO passive film contains oxygen vacancies at the grain 
boundaries, which is in line with the shift of the p-type character observed at negative bias. 
Indeed, an increase of the metallic ions concentration at the passive film grain boundaries can 
be excluded since it should increase and not decrease the density of the Ni 3d unoccupied 
surface states for 0.5 < Vt < 1.5 V. In contrast, each added oxygen vacancy in the oxide lattice 
will leave two electrons that fill the unoccupied 3d levels of the surrounding metallic ions, 
thus decreasing their density as observed at positive bias. The dominant defects of the NiO 
passive film at grain boundaries thus remain the metallic vacancies since the film remains p-
type in these sites however with oxygen vacancies (Ni(1-)O(1-) with  > ). The oxygen 
vacancies can be expected to promote anionic transport in these sites, and related effects on 
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passivity breakdown as discussed in Section 5.2. They should thus promote the local entry 
and transport of chlorides in the passive film grain boundaries. 
 
6. Corrosion inhibition 
For metallic materials in environmental conditions in which effective self-protection by 
passivation does not function, inhibitors can be a major mean of corrosion protection. 
Corrosion inhibitors are additives, inorganic or organic molecules, added to the material 
environment in order to mitigate corrosion, either in generalized or localized form, by 
decreasing the rate of the corrosion processes. Amines or zinc dithiophosphates on steel and 
benzotriazole (BTAH, C6H4N3H) on copper and its alloys are widely used organic corrosion 
inhibition systems of empirically-verified effectiveness. It is commonly believed that, for 
inhibition to function, the inhibitor molecule must adsorb on the substrate, that the interaction 
with the surface must be strong and that a protective film must be formed. Experimental 
studies of corrosion inhibition are numerous [246-249] but the development of atomistic 
theoretical simulations is more recent [250-252]. However, even for the BTAH/Cu system, 
the most studied both experimentally and computationally [253-256], the molecular details of 
the interaction with metal surfaces, the resulting inhibiting layer structure and the role played 
by the surface oxide in the inhibition mechanism are still debated. 
In this section, we first review recent advances made in the understanding of corrosion 
inhibition by adsorbed organic molecules using atomistic DFT modeling and then STM 
experiments made in UHV at the molecular scale. Next, we discuss the few direct 
observations of inhibiting effects made in aqueous solution by in situ EC-STM at the 
nanometer and sub-nanometer scales. Emphasis is on the most studied BTAH/Cu system. 
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6.1 Atomistic DFT modeling of benzotriazole adsorption on copper 
DFT modeling is increasingly applied to study the interaction between inhibitor 
molecules on solid surfaces and to seek detailed insight for guiding the design of new 
corrosion inhibitors. For the BTAH/Cu system, the effects of the adsorbed configuration, the 
molecule deprotonation and coverage, the coordination of the metal surface atoms at 
adsorption sites, the presence of surface metal adatoms or of a surface oxide on the adsorption 
energy have been discussed, as well as the type of method used for computation 
[255,256,257].   
On oxide-free copper surfaces, DFT calculations at low coverage have shown that 
benzotriazole adsorbs in different configurations and bind weakly to strongly mostly 
depending on deprotonation (Figure 23) [255]. All identified adsorbed configurations adsorb 
more strongly than water and the variability in adsorption geometry can be viewed as an 
indicator of its capability to adopt several configurations and thus to sustain various situations 
depending on the local conditions at the surface. Whatever the adsorption mode, bonding is 
enhanced on Cu atoms of decreasing coordination passing from Cu(111) to Cu(100) and 
Cu(110) and even more when going to surface defects (step edges, kinks, adclusters) of 
increasingly lower coordination (Figure 23j). This suggests that the molecule is able to 
preferentially adsorb and thus inhibit corrosive reactions at the more reactive, less coordinated 
surface sites where corrosion preferentially attacks as shown with step edges and kinks in 
Section 3.1. Figure 23j also shows that, when compared to the adsorption of aggressive 
species like Cl, only the adsorption of the deprotonated form compete energetically and that it 
competes increasingly on low coordinated defect sites, confirming the ability of the molecule 
to competitively adsorb and block or at least poison the most reactive sites for corrosion. The 
markedly weaker binding energy of the non dissociated forms of the adsorbed molecules has 
been proposed to explain the lower efficiency of benzotriazole at low pH. Namely, in acidic 
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media (and low potentials) the adsorbed deprotonated BTAads may transform to BTAHads as 
observed experimentally [258] and eventually desorb since BTAHads bonding to the surface is 
found markedly weaker. The DFT simulations on Cu(111) show that BTAH‖+H is the most 
probable adsorbate in such conditions with the molecule physisorbed in parallel configuration 
and forming a network with neighbor BTAH molecules via hydrogen-bonding (Figure 23d). 
The deprotonated BTA molecule binds even more strongly when forming BTA–Cu 
adsorbed complexes including Cu adatoms. All N atoms are then saturated by bonding to Cu 
atoms as shown in Figure 23h,i [255]. The gain in energy per BTA molecule was found to be 
small, only about 0.1-0.2 eV, with respect to the perpendicular BTA configuration without Cu 
adatom but it is balanced by the energy (0.76 eV on Cu(111)) needed to extract the Cu atoms 
from the topmost metal plane. This implies that the BTA-Cu bonding is much stronger in the 
organometallic complex than in the stand-alone adsorbed configuration and suggests that the 
complexes are better resistant to recombination with hydrogen. Thus the experimental 
conclusion [254] that benzotriazole inhibits corrosion via surface formation of organometallic 
complexes is supported by DFT results obtained at low coverage. It remains unstudied by 
DFT if the formation of these organometallic complexes result from a solid surface reaction 
between adsorbed BTA and/or BTAH and dissolving Cu atoms or from the redeposition of 
dissolved Cu(I) atoms after reaction in solution with BTAH molecules to form non soluble 
complexes.  
Modeling of coverage effects by increasing the density of adsorbed molecules has 
shown that increasing coverage has nearly no effect on adsorption energy for parallel 
physisorbed BTAH but markedly weakens surface bonding for the perpendicularly adsorbed 
BTAHads molecules. This is because a large permanent dipole moment causes repulsive 
interactions between the dipoles of the perpendicular BTAHads molecules at long range. This 
coverage effect is not observed for the deprotonated BTAads molecules for which adsorption 
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considerably reduces the dipole due to charge transfer and thus the dipole–dipole interactions. 
As surface coverage increases, deprotonation becomes more favorable because the repulsion 
between weakly chemisorbed BTAHads molecules is increasingly stronger and the lateral 
interactions between BTAads molecules weaker. 
Implementation of van der Waals interactions in the functionals used in DFT has also 
been applied to include dispersion forces in the optimization of protonated and deprotonated 
adsorbates on (111)-oriented copper and to better account for coverage effects [256]. At low 
coverage, the H-bonded BTAH molecules were confirmed to preferentially adsorb flat while 
at high coverage the upright configuration is preferred and, at intermediate coverage, mixed 
flat and upright structures were observed. The change in BTAHads configuration from flat-
lying physisorbed to upright chemisorbed was found to be driven by steric interactions. At 
low coverage, the use of vdW-inclusive exchange–correlation functional make tilted 
structures competitive with flat-lying structures for isolated molecules. At high coverage, the 
better description of the interaction between the benzene groups of the upright molecules 
leads to shorter equilibrium distance between neighbor molecules and increased adsorption 
energy. For the deprotonated BTA molecule, BTA–Cuad–BTA dimers or (BTA–Cuad–BTA)n 
polymers including Cu adatoms were confirmed to be lowest energy structures in the high 
coverage regime. The molecules adsorb via the azole group and stand vertical. Stacked 
configurations of the BTA–Cuad–BTA dimers are stabilized by the vdW interactions between 
the benzene rings. The gain in adsorption energy was found to be about 2 eV per adsorbed 
molecule for BTA with respect to BTAH, similar to that found with non vdW-inclusive 
calculations (Figure 23j). It was concluded from these coverage-dependent calculations 
performed on Cu(111) and including vdW interactions that the formation of close packed 
adlayers, that could act as a physical barrier blocking the adsorption of corrosive species, 
destabilizes the system for both BTAH and BTA but only weakly as judged from the variation 
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of adsorption energy per molecule. For the stacked BTA–Cuad–BTA dimers, a stabilization of 
the system of ~0.2 eV mol-1 has even been calculated. 
Copper oxides do not dissolve at pH > 5, which results in surface passivation by oxide 
films (see Section 4.1). Literature is controversial on the effect of the surface oxide on 
benzotriazole adsorption, some studies suggesting that surface oxides play an important role 
while other studies do not (see [254] and references therein). The adsorption of benzotriazole 
has been studied by DFT on (111)-oriented Cu2O surfaces [255,257,259] corresponding to the 
actual growth direction of the Cu(I) oxide passive film on (111)-oriented copper [36,37]. Like 
on oxide-free surfaces, benzotriazole was found to bond to Cu sites of Cu2O surfaces via the 
nitrogen atoms of the triazole group. Deprotonated BTA forms at least two bonds between N 
and Cu and BTAH at most two; BTAH is also relatively strongly H-bonded to one surface O 
anion [257]. Also like on metallic surfaces, BTAH binds considerably weaker to Cu2O 
surfaces than BTA and bonding is markedly stronger to coordinatively unsaturated Cu sites. 
The calculated binding energies of BTAH are -0.4 and -1.5 eV on coordinatively saturated 
sites of non-stoichiometric Cu2O(111) (i.e. without Cu unsaturated termination) and 
coordinatively unsaturated sites of stoichiometric Cu2O(111), respectively, to be compared to 
-1.7 and 2.8 eV for BTA, respectively. The bonding of benzotriazole to coordinatively 
unsaturated sites overcompensates the thermodynamic deficiency of stoichiometric 
Cu2O(111) (i.e. with Cu unsaturated termination). Van der Waals dispersion interactions 
stabilize the adsorbed structures by about 0.4 eV mol-1 on average without changing the 
relative stability trends. Comparison between oxide and metallic surfaces shows that BTAH 
binds considerably stronger to Cu2O surface exhibiting sites of reduced coordination than to 
metallic Cu surfaces, in contrast to deprotonated BTA for which bonding to metallic Cu 
surfaces is markedly stronger. Only the BTA bonding to coordinatively unsaturated sites on 
the oxide is comparably strong to the BTA bonding to coordinatively saturated sites on 
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Cu(111); still BTA is less strongly bonded on the oxide than to under-coordinated surface 
defects on close-packed Cu surfaces or to more open Cu(hkl) metallic surfaces.  
In acidic conditions, benzotriazole is a less effective inhibitor than in alkaline 
conditions. Based on DFT data, this can be explained by a lower adsorption energy of the 
protonated BTAH molecules forming a close packed barrier layer and their higher probability 
for desorption. Besides, if the close packed barrier layer is or becomes defective, its local 
failure cannot be compensated by the growth of stable anodic oxide passivating the surface. In 
neutral or alkaline condition where Cu oxide films grow in the anodic oxidation range, the 
oxide-free copper surface may be covered by more strongly adsorbed BTA at potential below 
the Nernst oxidation potential. Anodic oxidation at Nernst potential may be poisoned or even 
blocked by the strongly adsorbed inhibitor molecules. However, if the close packed inhibitor 
layer is incomplete or defective, oxide patches may grow locally, and get covered by strongly 
adsorbed BTAH. The boundary between oxide patches and metallic areas, covered by BTAH 
and BTA, respectively, according to the DFT data, may be sites poorly resistive to corrosive 
attack where the inhibitor is less or not effective owing to the mixed oxide/metallic state of 
the surface at these sites. At high oversaturation potential, anodic oxidation displaces the 
strongly adsorbed BTA on the metallic surface and anodic oxides will form unless their 
growth is poisoned by aggressive species like Cl. The efficiency of the inhibitor is then 
dependent on its role on the competitive adsorption between Cl and OH. These competing 
reactions of inhibitor adsorption, anodic oxidation and poisoning adsorption of aggressive 
species remain to be tested by DFT modeling and studied experimentally with appropriate 
model systems.  
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6.2 UHV studies of benzotriazole adsorption on copper 
UHV-STM observations of BTAH adsorption on Cu(111), combined with TPD and 
HREELS measurements, confirmed that physisorbed and chemisorbed phases are formed 
depending on coverage and evidenced a highly ordered organometallic phase at saturation 
coverage [260,261]. At low coverage BTAH adsorbs weakly (physisorption) and form mobile 
flat lying species that react with under-coordinated Cu atoms at surface defects and step edges 
to form deprotonated chemisorbed species in upright configuration and assigned to BTA-Cu-
BTA dimers at step edges and Cu-BTA monomers at surface defects [260]. The BTA-Cu-
BTA dimers and Cu-BTA monomers tend to condense into chains, sections of which diffuse 
on the terraces. At intermediate coverage, the density of molecular chains increases and a 
pseudo hexagonal structure is observed next to (2×1) reconstructed adsorbate-free regions 
(Figure 24a).  
The ordered pseudo hexagonal phase covers the surface at saturation coverage and is 
still observed below physisorbed phases at multilayer coverage. Its lattice vectors are ~4.2 nm 
and it contains about 360 surface atoms (Figure 24). It can be described as made of three 
buiding blocks rotated 60° with respect to each other (Figure 24b). Each building block 
consists of three upright BTA-Cu-BTA dimers aligned parallel to the close packed <110> 
directions and two upright Cu-BTA monomers whose orientation cannot be inferred from 
their STM appearance and possibly rotating or vibrating more freely than the dimers (inset of 
Figure 24b). The exact adsorption sites for these adsorbed molecular species was not retrieved 
in this study and are hypothesized in the models. TPD measurements showed that the 
physisorbed and chemisorbed species coexist at low coverage, with desorption observed 
between 350 and 375 K and between 550 and 600 K, respectively. HREELS and STM 
showed increased ordering after complete desorption of the physisorbed layer.  
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The pseudo hexagonal phase that could provide inhibition since formed at saturation 
coverage was not predicted by the DFT modelling studies described in Section 6.1, mostly 
because of its huge dimensions. Still, its building blocks contain the organometallic adsorbed 
complexes predicted by DFT to be among the most stable configurations. As observed in 
Figure 24b, this phase contains distorted triangular and hexagonal sites of nanometric 
dimensions that appear free of adsorbed inhibitor molecules. These sites can be assimilated to 
pores for molecular or ionic aggressive species from the environment. Hence this phase, 
which could be thought as providing inhibition since formed at saturation coverage, does not 
seem to have a high enough compacity to be a fully effective barrier layer for the metal 
substrate. 
 
6.3 Direct nanoscale in situ EC-STM observations 
Nanometer and sub-nanometer scale insight on how corrosion inhibitors protect the 
surface can be brought using atomically flat single-crystal surfaces polarized below or close 
to the Nernst potential for anodic dissolution and analyzed in situ by EC-STM. For BTAH on 
copper, the Cu(001) surface has been used to address the effect of the organic molecule in 
acid solutions [60,262, 263, 264]. Comparative studies addressing the role of the surface 
structure have been reported for Cu(110) and Cu(111) in perchloric acid solution [264] and 
for Cu(111) in sulfuric acid solution [265]. Adsorption of 5-mercapto-1-phenyl-tetrazole was 
studied on Cu(111) in H2SO4 solution [266]. Alkanethiol self-assembled monolayers, strongly 
bonding to copper, have also been studied as model inhibiting layers on Cu(001) in HCl 
solution [267]. 
Figure 25 exemplifies how an adsorbed layer of inhibiting organic species modifies the 
nanoscale dissolution mechanism. The uniform receding step flow process described in 
Section 3 is no longer observed. Instead, the dissolution proceeds locally and leads to surface 
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roughening via the formation of pits of monoatomic depth that nucleate and grow on the 
terraces. The effect, observed with the inhibitor adsorbed at sub-monolayer coverage, is 
explained by the preferential adsorption of the inhibiting species at the coordinately 
unsaturated metal step edges like calculated by DFT modeling (Section 6.1), and thus by 
preferential protection or “passivation” of the step edges against dissolution. The pits form on 
the terraces presumably at failure sites where the inhibiting adlayer is defective and fails to 
protect against corrosion, like in the presence of defective 2D passive layers (Section 3.2). 
Depending on the electrolyte concentration in BTAH inhibitor, the onset of dissolution is 
shifted anodically from 0.05 to 0.3 V as observed by EC-STM, (Figure 25(Top)). 
[INSERT Figure 25] 
Comparative observations made in the double layer potential region in sulfuric and 
hydrochloric acid solutions on Cu(001) were made to address the reduced inhibiting 
efficiency of BTAH on the dissolution of Cu. The inhibitor forms ordered adlayers for 
potentials <-0.6 VSCE in both solutions. The resulting (5x5)R26.6° superstructure has been 
assigned to BTAHads molecules standing upright (or slightly tilted), stacked parallel and 
bonded via the triazole group to Cu(001). In HCl solution, increasing the potential (>-0.6 
VSCE) does not modify the surface structure nor the surface dynamic behavior compared to 
that observed in BTAH-free solutions (Section 3.1). Figure 26 shows that the ordered 
structure of BTAHads molecules is displaced by formation of a c(2×2) structure of adsorbed  
chloride ions that is also produced in the absence of inhibitor. 
[INSERT Figure 26] 
In H2SO4 solution, the inhibitor adlayer is not displaced and is stable in the whole 
region preceding dissolution. With increasing potential, the surface structure becomes chain-
like which has been assigned to the polymerization of a Cu(I)BTAads adlayer. This EC-STM 
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interpretation is in line with the strongly adsorbed molecular configurations later calculated 
by DFT [255,256]. Based on these molecular scale EC-STM data [262,263], it has been 
advanced that the lower efficiency of the inhibitor in Cl-containing electrolyte would find its 
origin in the mechanism of formation of the Cu(I)BTAads adlayer. The Cl c(2×2) adlayer 
formed in HCl would hinder the polymerization of the Cu(I)BTAads phase by direct 
conversion of the chemisorbed BTAHads layer. As a result, no BTAHads or Cu(I)BTAads 
adlayer would form a barrier protecting the surface in the potential range of dissolution in 
HCl solution and the surface would dissolve by the same receding step flow mechanism 
observed by EC-STM in BTAH-free conditions. Cu(I)BTA would be formed in the solution 
by dissolving species (CuCl2
-) reacting with BTAH, and subsequently deposited by 
precipitation on the copper surface covered by the Cl c(2×2) adlayer. The protection 
efficiency of this inhibiting layer produced by dissolution/re-deposition would be lower than 
that of the inhibiting layer formed on the Clads-free surface in sulfuric acid solutions and 
directly produced at the surface by extracted Cu(I) ions reacting with adsorbed BTAH 
molecules in the Cu(I) oxidation range. 
On copper, EC-STM and EC-AFM observations limited to the nanoscale were also used 
to study or optimize corrosion inhibition on polycrystalline substrates. For instance, 2-
mercaptobenzoxazole (MBO) was investigated by EC-STM in NaCl solution [268]. The 
topographic images revealed that a 3D and compact film is rapidly formed with an inhibition 
efficiency of 99%. XPS showed that the film contained copper as Cu(I) and that sulfur and 
nitrogen had an altered bonding configuration. Like for BTAH in Cl-containing solution, it 
was concluded that the inhibiting film is constituted by a copper complex produced by 
reaction of the MBO inhibitor with dissolving Cu(I) species and insoluble in water. EC-AFM 
brought insight on the morphological aspects of the optimization of corrosion inhibition by a 
non-toxic “green” molecule, sodium heptanoate. [269]. Optimal efficiency (obtained at pH 8, 
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[C7H13O2Na]=0.08 M ) was shown to be linked to the formation of a continuous thin film of 
metallic soap, acting as a blocking barrier and mainly constituted of copper heptanoate.  
Reduced efficiency (obtained at pH 5.7 or 11) was found to be associated with the formation 
of discontinuous films acting as a defective barrier and including copper heptanoate or copper 
oxides crystals. 
 
7. Conclusion and outlook 
Experimental approaches using advanced surface analytical and electrochemical 
methods applied to model solid-liquid interfaces and combined with theoretical approaches 
based on atomistic modeling enable progress in corrosion science at the atomic and 
nanometric scales. It brings deep insight into the reaction mechanisms occurring in the very 
first stages triggering a corrosion process and it is the basis for developing advanced strategies 
of corrosion protection acting on corrosion initiation, i.e. before a corrosion process 
propagates. In this review, contemporary aspects of corrosion science have been covered to 
show how insightful atomic and nanometric scale characterization is to understand the metal-
water interface and its structure, anodic dissolution and dealloying, self-protection against 
corrosion by passivation, passivity breakdown and localized corrosion initiation, and 
corrosion inhibition by organic molecules.  
Much progress in the knowledge of the structure of metal-water interface at the atomic 
scale has been achieved thanks to UHV studies performed on numerous metals at cryogenic 
temperature mostly by STM coupled to DFT modeling. Significant distortions of the 
conventional ice `bilayer' structure resulting from a strongly material- and structure-dependent 
balance between water-metal interactions and water-water hydrogen bonding have been 
evidenced, as well as the alterations and stabilization induced by hydroxyl groups and 
hydrogen atoms produced by water dissociation. Co-adsorption of oxygen has been shown to 
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markedly promote water dissociation at low coverage. Bridging the “immersion gap” to 
obtain detailed structural information at or near atomic level at the solid/liquid interface 
remains a challenging issue. Anion adsorption has been widely studied albeit not covered in 
the present review focusing on the structural aspects of the adsorption of hydroxide ions. The 
studies performed in situ show that hydroxide ions adsorption precedes 3D oxide growth and 
produces 2D overlayer structures of adsorbed hydroxyl groups acting as structural precursors 
for passive films 3D growth. The topmost metal plane is reconstructed to mimic the building 
blocks found in the 3D oxide (passive film) grown at higher anodic overpotential. These 
aspects are yet to be studied for reactive metals (Fe, Al, Ti, Mg) and their alloys widely used 
as structure or components materials, the challenge being the preparation of atomically flat 
surfaces and the precise control of an oxide-free surface at the solid/liquid interface. 
Anodic dissolution and dealloying is an aspect of corrosion science on which the use of 
a surface science approach has brought a deep insight at the atomic scale. The studies 
performed on pure metals have shown a major role played at the surface by the under 
coordinated atomic sites (i.e. step edges). Atoms at these defect sites preferentially dissolve 
thereby causing active dissolution to proceed by step flow with the surface atomic structure 
affecting the anisotropy of the mechanism. Adlayers of strongly adsorbed anions do not alter 
this mechanism but influence the anisotropy of active dissolution. The same is true for non-
passivating 2D compound layers. In the presence 2D layers of passivating oxides and/or 
hydroxides, the dissolution mechanism is altered. It becomes preferential at the non-ordered 
sites of the protective layer and thus promoted at its weakest sites. As a result, nanopitting is 
initiated on the substrate terraces first two dimensionally and then three dimensionally by a 
repeated mechanism. For dealloying, the CuAu system has been most thoroughly studied. 
Dissolution of the less noble Cu occurs uniformly both at the alloy substrate step edges and on 
terraces, in contrast with pure metals. GIXD studies showed that the dealloyed surface layers 
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are sequentially built-up. An ultra-thin and gold-rich layer is first formed with CBA inverted 
stacking, followed by an island layer of pure gold, and finally by a nanoporous layer of 
nanoscale ligaments with ABC substrate oriented stacking. Iodide, chloride, or bromide ions 
would enhance surface diffusion thereby promoting the structural transition of the build-up 
sequence. The main effect of organic surface layer SAMs modeling corrosion inhibitors is to 
inhibit uniform dealloying corrosion by suppression of surface diffusion. Dealloying proceeds 
then in localized regions. A similar level of information on dealloying or selective dissolution 
remains lacking for more reactive alloys such as stainless steel, aluminum, titanium or 
magnesium alloys. Like on pure reactive metals, this is due to the difficulty to prepare and to 
maintain in situ an oxide-free, atomically flat and slowly dissolving active state. 
A surface science approach has also been employed to thoroughly study the passivation 
of metals and alloys at the atomic and nanometric scales. Passive films studied on pure 
copper, nickel, iron, chromium, cobalt metals and on stainless steels were found crystallized 
in most cases. They are polycrystalline and textured with nanoscale grains. The grains expose 
a facetted surface because the oxide lattice grows in slightly tilted epitaxy on the metal lattice. 
The oxide surface is hydroxylated. Chromium-rich passive films required to be aged under 
polarization to crystallize. On stainless steel, the Cr enrichment of the passive films may be 
inhomogeneous at the nanoscale, influencing the local resistance to localized corrosion 
initiation. 
Passivity breakdown is a major issue at the origin of localized corrosion of passivable 
metallic materials. The model studies performed on single-crystal surfaces of pure nickel have 
revealed that, in the passive state, dissolution proceeds by a step flow mechanism with 
preferential removal of the oxide lattice at the passive film step edges. DFT modeling 
suggests that the passive film may breakdown by a thinning mechanism promoted by chloride 
adsorption at step edges with formation of Ni(OH)Cl or Ni(Cl)2 dissolving complexes. For 
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step edges saturated by Cl adsorption, a penetration-induced mechanism of passivity 
breakdown may become prevalent as suggested by calculations. Reactive MD calculations 
suggest that chloride ions preferentially interact with passive film surfaces that are deficient in 
oxygen. At the nanometer scale, grain boundaries in polycrystalline oxide passive films on 
metals are prevalent defect sites where passive films break down and localized corrosion 
initiates as observed locally on nickel. Local electronic properties probed on passivated nickel 
show a markedly different surface density of states at the passive film grain boundaries 
explained by the presence of oxygen vacancies. Anionic transport and chloride entry can be 
expected to be locally promoted in these sites. 
Like for the metal-water interface, corrosion inhibition by organic molecules, and most 
notably benzotriazole adsorption on copper, has been widely studied experimentally under 
UHV and computationally by DFT. The results show that benzotriazole adsorb in a variety of 
different forms shaped by H-bonding, steric repulsions and van der Waals interactions. It 
bonds stronger to the metal surface in the deprotonated BTA form and to the oxide surface in 
the protonated BTAH form. Perpendicular adsorption via the triazole group is favored at high 
coverage. BTA dimers or chains incorporating Cu adatoms, also observed by STM, were the 
structures found to be the most stable on copper independently of coverage. Bonding is 
stronger to unsaturated (i.e. defect) Cu sites both on Cu metal and on Cu2O oxide surfaces. 
The data show a capability of the molecule to efficiently comply with various surface states 
and structures, thus providing inhibition by strong bonding competitive to that of aggressive 
elements. Much less experimental work has been performed in situ on similar model systems 
at sub-nanometer scale, although with striking output that revealed inhibition of the 
preferential sites (i.e. step edges) of corrosion and delocalization on terraces sites where the 
inhibitor layer is defective. In acidic conditions, failure of the inhibition has been directly 
observed to proceed by displacement of the inhibitor layer by aggressive anions (Cl-) forming 
 58 
a strongly adsorbed substitute layer. Similar investigation in conditions where the metal 
surface is able to passivate at the defects of the inhibitor layer are yet to be performed to study 
the corrosion mechanisms in conditions where anodic dissolution, promoted by aggressive 
ions adsorption, can be mitigated both by competing oxide growth and inhibitor adsorption. 
On the aspects related to the adsorption of water or inhibitor molecules on oxide-free 
surfaces, we foresee a continuing research effort combining UHV experimental studies 
coupled to atomistic DFT modeling which has proven the most insightful approach to unravel 
atomic details. This should bring deeper knowledge on the effects of the substrate material 
and its structure on adsorption configuration and dissociation, and on the role of adsorbate 
coverage, co-adsorbed oxygen and surface oxides as well as that of the competing adsorption 
of species known as aggressive in aqueous media. Still this approach will remain limited by 
the “immersion gap” with questionable relevance to real solid/liquid interfaces and their 
reactivity in corrosive conditions. It is a widely shared conviction that all reacting solid/liquid 
interfaces even when modeled must be tested in situ as well as characterized in situ whenever 
feasible or ex situ with minimum alteration. This approach has revealed most powerful to 
bring atomic but also nanometric insight into the mechanisms of anodic dissolution and 
dealloying, passivation and residual dissolution in the passive state, passivity breakdown and 
corrosion inhibition mechanisms. Despite its success, this approach is developed by a small 
number of research groups in the corrosion science community, mostly because of the 
difficulty to prepare model solid/liquid interfaces well controlled at atomic or nanometric 
scale, particularly for highly reactive metals like Ti, Al, Mg and their alloys. We think that 
future progress in corrosion science at atomic and nanometric scales will be made by 
combining UHV facilities for surface preparation and characterization with in situ 
electrochemical testing of the corrosion properties and characterization of the corrosion-
induced alterations. A prerequisite to such a combined approach is to ensure minimum or no 
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alteration during return transfer from UHV to liquid. The design of model interfaces relevant 
for the studied corrosion process and the availability of equipments combining UHV surface 
characterization techniques (microscopy and spectroscopy) with electrochemistry will be a 
key to the success of this approach.  
Coupling with DFT calculations will remain necessary for atomic scale characterization 
of the designed interfaces. The data obtained experimentally on corroded and/or passivated 
surfaces, including atomic structure, nanostructure and defects, must be used to design the 
models used in DFT calculations. Implementation of pH effects and potential-driven atomic 
transport and pH is necessary. On can foresee that specific steps of complex corrosion 
pathways will be tested more accurately using DFT while the complete reaction pathways will 
be tested thanks to the development of MD simulations. 
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Figure captions 
 
Figure 1. Traditional model of water/ice adsorption on a close-packed metal surface. (a) 
Water clusters and extended 2D islands at sub-monolayer coverage with ice-like bilayer 
structure. (b) Ice-like bilayer structure forming a wetting layer in registry with the surface. (c) 
Ice multilayers grow on top of wetting layer, forming a strained epitaxial arrangement. 
Reproduced from [13]. Copyright 2012 Nature Publishing. 
 
Figure 2. Structure of the metal-water interface as observed by STM on Ru(0001). (a) Intact 
water stripes composed of hexamer units after deposition at 145 K. (b) Transformation to 
partially dissociated H2O−OH stripes after 30 min at 145 K. Dark spots can be seen in the 
center of the hexagons (inset in (b)). In the DFT optimized structures, the OH group is 
highlighted by an orange O atom. Reproduced from [14]. Copyright 2015 The American 
Physical Society. 
 
Figure 3. Core level O 1s spectra for water on Cu(110) and Cu(111) as measured by AP-XPS 
at 295 K. Gas phase water peak measured around 536 eV is not shown. (a) mixed H2O:OH 
(0.68:0.34 ML) monolayer on Cu(110) and adsorbate-free surface on Cu(111) under 1 Torr of 
H2O partial pressure (5% relative humidity). (b) mixed H2O:OH (0.17:0.26 ML) layer on 
Cu(111) upon water exposure to surface with 0.12 ML of pre-adsorbed atomic oxygen. 
Reproduced from [32]. Copyright 2007 The American Chemical Society. 
 
Figure 4. Electroadsorption of OH at the metal-water interface as observed on Cu(111) in 
0.1 M NaOH(aq). (a) Electrochemical (voltammetry) data recorded between the hydrogen and 
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oxygen evolution limits with marked active and passive regions and in the potential range 
below oxidation (zoomed in region). (b) OHads adlayer growth as observed in situ by EC-STM 
at –0.6 V/SHE. The adlayer islands and the bare substrate are marked ad. and m., 
respectively. (c) EC-STM image and model of the OHads/CuR reconstructed structure. The 
large and small cells mark the OHads and reconstructed CuR plane lattices, respectively. (a) 
Adapted from [35,36]. (b) Adapted from [35]. (c) Adapted from [37]. 
 
Figure 5. Anodic dissolution via isotropic and anisotropic step flow processes as observed in 
situ by EC-STM on Cu(001) in 10 mM H2SO4(aq.) (180 nm × 180 nm image) (a), (b), (c) and 
in 1 mM HCl(aq.) (160 nm × 160 nm image) (d), (e), (f), respectively. Reproduced from [60]. 
Copyright 1998 Wiley.  
 
Figure 6. (a) Atomic scale dissolution at an outer terrace corner as observed by EC-STM on 
Cu(001) in 0.01 M HCl(aq.) at –0.17 V/SCE. The observed c(2×2) ad-lattice is formed by 
adsorbed chlorine. Active and stable steps, whose initial position is marked by the solid and 
dashed lines, respectively, dissolve differently. (b) Model of the structure of steps and kinks 
along the [010] and [001] directions for the (001) surface of a fcc metal (e.g. Cu) covered by 
an ordered c(2×2) adlayer (e.g. Cl). The reactive Cu atom (black disc at site marked R) is 
bonded to 2 Cl atoms (dark and light grey discs) whereas the stable Cu atom (black disc at site 
marked S) is bonded to 1 Cl atom (dark grey disc). Reproduced from [62]. 
 
Figure 7. (a-c) Copper dissolution in the presence of the 2D CuI film as observed by EC-STM 
on Cu(111) in 5 mM H2SO4 + 1 mM KI(aq.) at 0.13 V/RHE: (27 nm × 27 nm). (d and e) 
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Schematic drawing illustrating the receding step flow mechanism in the presence of the 2D 
CuI film. Reproduced from [73]. Copyright 2007 The American Chemical Society. 
 
Figure 8. Nucleation sites (pointed) and propagation for 2D pitting as observed in situ by EC-
STM on Ag(111) covered by a 2D Ag2O(111)-like adlayer in 0.1 M NaOH(aq) at 
+0.15 V/SHE. 3D oxide grains are marked. Reproduced from [40]. Copyright 2007 The 
American Chemical Society. 
 
Figure 9. Dealloying and build-up of epitaxial nanoporous gold on Cu3Au(111) in 0.1 M 
H2SO4(aq.). (a) Electrochemical (voltammetry) data recorded up to bulk dealloying above the 
critical potential UC (lower curve) and limited to passivation by the ultrathin Au-rich surface 
layer (upper curves, 2 cycles). (b) Out-of-plane reciprocal space maps as measured by in situ 
GIXD and showing the initial crystalline structure of Cu3Au(111) at-0.1 V/Ag-AgCl followed 
by the formation of CBA-stacked Au islands (intense CBA-Au peak) upon dealloying at 
0.45 V/Ag-AgCl and ABC-stacked Au nanoligaments (intense ABC Au peak) upon further 
dealloying at 0.6 V/Ag-AgCl. The growth of the substrate-oriented ligaments above 0.45 V 
(ABC-Au peak) proceeds at the expense of the initial CBA-Au islands. (c) Schematic 
reciprocal space of Au/Cu3Au (111). (d) Schematic growth sequence of surface structures as a 
function of time and potential: ultra-thin Au-rich layer with CBA reverse stacking, thicker 
CBA-stacked Au islands and ABC-stacked Au nanoligments forming the nanoporous layer. 
(a) Reproduced from [81]. Copyright 2008 The American Physical Society. (b,c,d) 
Reproduced from [83]. Copyright 2011 The American Chemical Society. 
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Figure 10. Cu(I) oxide passive film as observed by EC-STM on Cu(111) in 0.1 M NaOH(aq) 
at -0.25 V/SHE (a) and -0.20 V/SHE (b), and side view model of the 7 monolayer thick Cu(I) 
oxide grown in tilted epitaxy on Cu(111) (c). At low oversaturation for anodic oxidation (a), 
non-crystalline 2D oxide islands (ox.) separated by the adsorbed OH layer (ad) partially cover 
the substrate. At higher oversaturation (b), a 3D crystalline oxide layer fully covers the 
substrate. Its atomic lattice (inset) corresponds to that of Cu2O(111). In (c), the stacking 
sequence of the O2- and Cu+ planes in the oxide is illustrated by the gray lines. The oxide 
surface is terminated by a monolayer of hydroxyl/hydroxide groups. The faceted surface 
corresponds to a tilt of ~5° between the two lattices. (a,b) Reproduced from [36]. Copyright 
2001 The American Chemical Society. (c) Adapted from [36]. 
 
Figure 11. Passivation of nickel as observed on Ni(111) in 0.05 M H2SO4 + 0.095 M 
NaOH(aq.) (pH~2.9). (a) Electrochemical polarization curve with the active, passive and 
transpassive regions marked. (b) Ni(II) oxide passive film as observed by EC-STM at 0.95 
V/SHE. The inset shows the high resolution image recorded in situ, revealing the passive film 
atomic lattice. (c) Side view model of the hydroxylated NiO surface with (010) step edges and 
(111) terraces. (b) Reproduced from [105]. Copyright 2000 The Electrochemical Society. (c) 
Adapted from [152]. 
 
Figure 12. Model of the passive film (LAMM) structure on iron as determined by GIXD on 
Fe(001) and Fe(110) passivated in borate buffer solution (pH 8.4) at 0.4 V. Only the bottom 
half of the unit cell is shown (outlined by the solid white lines). The oxygen anion sites (100% 
occupied), the octahedral cation sites (80% occupied) and the tetrahedral cation sites (66% 
occupied) are shown by the large green spheres, smaller red spheres, and orange spheres, 
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respectively. Four of the eight octahedral interstitial sites are shown by the small purple 
spheres. In the passive film (LAMM) structure, these interstitial sites are assumed to be 
randomly occupied (12% occupancy). Reproduced from [128]. Copyright 1997 The American 
Physical Society. 
 
Figure 13. Passive film structure as observed by STM on Fe-22Cr(110) (a,c) and Fe-18Cr-
13Ni(100) (b,d) alloy surfaces after passivation in 0.5 M H2SO4(aq) at 0.5 V/SHE  for 2 h 
(a,b) and for 22 h (c,d). The nearly hexagonal lattice is marked. The effect of ageing under 
polarization is evidenced by the extension of the observed crystalline areas. (a,c) Reproduced 
from [120]. Copyright 1996 The Electrochemical Society. (b,d). Reproduced from [122]. 
Copyright 1998 The Electrochemical Society. 
 
Figure 14. Nanoscale morphology of the Fe-l7Cr-l4.5Ni-2.3Mo(100) stainless steel surface 
observed by STM after passivation in 0.05 M H2SO4(aq) at 0.5 V/SHE for 2 hours. The oxide 
film has a granular morphology (some grains are pointed) and covers the substrate terraces 
and step edges. Substrate terraces display depressions (some are circled) evidencing local 
protection failure caused by competing transient dissolution during passivation. Substrate step 
edges (marked by dashed lines) are more corrosion resistant owing to preferential local Cr 
enrichment of the passive film. Adapted from [125].  
 
Figure 15. Nanogranular morphology (a) and electrical resistance map (c) as observed by C-
AFM for 316L stainless steel exposed 2 min to simulated pressurized water reactor 
environment (water at 325°C). Height (b) and resistance (d) profiles along the green and 
white arrows in (a) and (c), respectively. Reproduced from [193]. 
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Figure 16. (a,b,c) Dissolution of the passive film as observed by EC-STM on Ni(111) at 
0.85 V/SHE in 0.05M H2SO4 + 0.095M NaOH + 0.05M NaCl (pH 2.9). The oxide 
crystallographic directions are indicated. The circles show the areas of localized dissolution. 
(d) Model of a (111) oriented facet delimited by edges oriented the close-packed directions of 
the NiO lattice. Oxygen (surface hydroxyls) and Ni are represented by large and small 
spheres, respectively. (a,b,c) Reproduced from [218]. Copyright 2002 Wiley. 
 
Figure 17. DFT modelling of the hydroxylated NiO(533) surface including a (010) step edge 
and a (111) terrace. Side view models of Cl-adsorbed structures are shown before and after 
optimization at coverages of 25 and 100%. Adapted from [152]. 
 
Figure 18. Side view models showing the system and protocol adopted for ReaxFF MD 
simulation of the interaction of chloride ions with passivated copper surfaces. Left: Cu(111) 
slab covered by Cu2O thin films with O-deficient (top) and O-enriched (bottom) terminations 
after thermal relaxation at 300 K. Middle: filling the gap with 20 M Cl- aqueous solution (pH 
7). Right: Complete system after relaxation for 250 ps at 300 K showing preferential 
interaction of the chlorides ions with the O-deficient surface. Periodic boundary conditions 
apply along the x, y, z directions. Adapted from [223]. Copyright 2012 The American 
Chemical Society. 
 
Figure 19. Cross-sectional distributions of the Cu and Cl atomic density and of the average 
charge on Cl along the perpendicular z axis of the 20 M NaClaq/Cu2O/Cu(111)/Cu2O/20 M 
NaClaq system relaxed for 1 and 300 ps at 373 K. A defect site has been initially implemented 
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in the form of an island of O vacancies in the topmost plane of the O-enriched terminated 
Cu2O thin film (right-hand side  ). Adapted from [223]. Copyright 2012 The American 
Chemical Society. 
 
Figure 20. Nanoscale pit initiation as observed by AFM (a,b,c) and STM (d) on Ni(111). 
Surface after pre-passivation for 30 min. in Cl-free 0.05M H2SO4 + 0.095M NaOH (pH 2.9) 
at 0.55 V/SHE (a), and subsequent increase of the potential up to 1.05 V/SHE in the absence 
(b) or presence (c) of chloride (0.05 M NaCl). Surface pre-passivated in Cl-free 0.05M H2SO4 
+ 0.095M NaOH (pH 2.9) at 0.95 V/SHE and subsequently in the presence of chloride 
(0.05M NaCl) and showing nanopit formation at intersecting intergranular boundaries 
(marked) of the passive film (d). (a,b,c) Adapted from [133]. (d) Adapted from [229]. 
 
Figure 21. Role of the nanostrucrure in the mechanisms of passivity breakdown and localized 
corrosion initiation: (a) passivity breakdown driven by the potential drop at the 
oxide/electrolyte interface, (b) potential drop at the metal/oxide interface with outward 
cationic transport or (c) inward anionic transport. Reproduced from [133].  
 
Figure 22. Local surface electronic structure as measured by STS on the Ni(111) surface after 
passivation in 0.05M H2SO4 + 0.095 M NaOH(aq.) (pH~2.3) at 0.815 V/SHE. The surface 
density of states curves were obtained from the averages of 251 and 55 I-Vt curves measured 
on grains (G) and grain boundaries (GB) of the passive film, respectively. The energy band 
model deduced from the STS data obtained at the grains and grain boundaries of the passive 
film is shown. The arrows pointing downwards (upwards) indicate the possible electronic 
transfer from (to) the passivated surface. Adapted from [97].  
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Figure 23. Configurations for adsorbed molecular BTAH (a-d) and dissociated BTA (e-i) 
benzotriazole on copper surfaces, as obtained by DFT calculations, and dependence of 
adsorption (binding) energy of BTAH, BTA, Cl, H and H2O on coordination number of 
surface Cu atoms at adsorption site (j). (a) Perpendicular molecular adsorption modes BTAH┴ 
weakly chemisorbed to the surface via triazole nitrogen atoms. (b) Parallel molecular 
adsorption mode BTAH‖‖ more strongly bonded on Cu(110) and labeled “apparent chem + 
phys” for apparent chemisorption + physisorption. (c) Nearly parallel molecular adsorption 
and physisorbed mode BTAH‖‖ (d) Physisorbed networks BTAH‖‖+H stabilized by 
intermolecular H-bonding. (e) Perpendicular deprotonated adsorption modes BTA┴ strongly 
chemisorbed on Cu(100) and Cu(110) and (f) highly tilted and (g) almost parallel variants. (h) 
Benzotriazole–copper organometallic [BTA–Cu–BTA] dimer and (i) [BTA–Cu]n polymer. (j) 
Adsorption energy of the most stable adsorbed configuration identified at a given 
coordination number. Adapted from [255].  
 
Figure 24. BTAH adsorption on Cu(111) as observed at medium coverage by UHV-STM. 
(Left) (a) molecular chain; (b) pseudo hexagonal packing; (c) six-membered starlike 
feature; (d) junction. Black arrows indicate the three rotational domains of the (2×1)-Cu(111) 
surface reconstruction. (Right) Magnification of pseudo hexagonal island with unit cell and 
substrate directions marked in blue. One orientation of the basic building block is highlighted 
in the oval (a) and in the inset with superposed molecular models where adsorption sites are 
indicative only. In inset, Cu lattice atoms are white circles; Cu incorporated atoms, orange, N 
atoms blue, C atoms dark gray and H atoms light gray. Reprinted from [261]. Copyright 2014 
The American Chemical Society. 
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Figure 25. Inhibited dissolution of copper as observed on Cu(111) in 0.01 M H2SO4 + x
 M 
BTAH. (Top) Electrochemical polarization curves showing the anodic shift of the onset of 
dissolution with increasing BTAH concentration. (Bottom) EC-STM images recorded in situ 
in 0.01 M H2SO4 + 10
-4 M BTAH showing the initial stages of localized dissolution at –0.33 
(a,b) followed by surface roughening – 0.06 V/SCE (c,d) below the onset of macroscopic 
dissolution measured electrochemically at about – 0.05 V/SCE. The arrows in (b) point the 
formation of 2D etch pits. Reprinted from [265]. Copyright 1999 The American Chemical 
Society. 
 
Figure 26. Adlayers on Cu(001) as observed in situ by EC-STM in 0.1 M HCl + 0.075 M 
BTAH. Large (a) and smaller (b) ordered domains of the chemisorbed BTAH adlayer at – 
0.7 V/SCE and substituting c(2x2) ordered adlayer of chemisorbed Cl at – 0.45 V/SCE (c). 
Reprinted from [263]. Copyright 1998 The American Chemical Society. 
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Figure 27 
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